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ABSTRACT OF DISSERTATION 
 
 
 
THE EFFECT OF MICROSTRUCTURE AND TEXTURE 
ON HIGH CYCLE FATIGUE PROPERTIES OF AL ALLOYS 
 
High cycle fatigue tests were carried out on a medium strength continuous casting AA 
5754 Al alloy, and new generation high strength AA 2026 and AA 2099 Al alloys. The 
effect of texture on fatigue properties and short crack behavior were studied. The 
strengthening mechanisms were also thoroughly investigated for the two high strength 
alloys.  
Texture played an important role in the anisotropy of fatigue strength for the AA 5754 Al 
alloy. Being a solution strengthened alloy, it had a fatigue strength of 120% σy. High 
strength Al alloys had a strong tendency for planar slip due to the high density of 
coherent and shearable precipitates in the alloys. Texture was a key factor controlling the 
crack initiation and propagation. The crack path and the possible minimum twist angles 
were measured using EBSD and calculated theoretically by a crystallographic model. 
Based on the micro-texture measured by EBSD, the crack paths were predicted for the 
AA 2099 alloy and confirmed by the observed values.  
The excellent balance of superior fatigue properties and high tensile strength of AA 2026 
and AA 2099 was attributed to the reduced population of Fe-containing particles, 
homogeneously distributed precipitates and dislocations. The addition of Zr coupled with 
the optimized thermo-mechanical treatment strongly restrained the recrystallization, 
refined the grain structure and promoted the homogenization of the precipitates. 
Moreover, the retainment of the deformation texture developed during the hot extrusion 
provided significant orientation strengthening in the high strength Al alloys.  
Fatigue cracks tended to initiate at coarse second phase particles on sample surfaces and 
the crack population varied markedly with the applied stresses in the high strength Al 
alloys. The relationship between of the crack population and the applied stress level was 
studied and quantified by a Weibull distribution function. Since the measured crack 
numbers were associated with the crack initiate sites (i.e., the weakest links) in an alloy, 
the fatigue weakest-link density, which is defined as the crack population per unit area 
when stress close to the ultimate tensile stress, and the weakest-link strength distribution 
can all be calculated and regarded as a property of the studied materials.  
KEYWORDS: Fatigue Property, Aluminum Alloys, Short Crack Initiation and 
Propagation, Texture, Weakest Link Density   
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Chapter 1  
Introduction 
It is estimated that over 75% of the failure problems in the engineering systems are due to 
fatigue each year. Fatigue damage has long been recognized as a fracture phenomenon 
occurring after a large number of load cycles where a single load of the same magnitude 
would not do any harm in the 19th century [1]. Fatigue was considered to be an 
engineering problem until 1903 when Ewing and Hunfrey [2] carried out a microscopic 
investigation which showed that fatigue crack nuclei occurred from slip bands in metallic 
materials. From then on, fatigue damage began to be considered as more of a material 
problem.  
Since the 1920s, aluminum alloys have been used in aircraft structural applications, 
because they possess a lower density, and are reasonably strong, durable, damage tolerant, 
and economical to fabricate, compared with steels. Studies on the fuselage skin and wing 
materials indicated that the combination of fracture toughness and resistance to growth of 
fatigue cracks could reduce the frequency of required inspections and save weight by 
minimizing the need for supporting structures [3]. Therefore, it is of both academic and 
industrial interests to study the fatigue behaviors of aluminum alloys.  
Theoretically, there are two types of metal fatigue. One is low-cycle fatigue which is 
associated with macro-plastic deformation imparted in every load cycle, due to the high 
stress amplitudes, typically over the yield strength. Another is high-cycle fatigue which is 
more related to elastic behavior of the material on a macro scale, in which the stresses 
applied are just above the fatigue limit [4-6]. The current study is mainly focused on 
high-cycle fatigue, especially on fatigue crack initiation and early growth, since these are 
the problems still not well and quantitatively understood in the research field of metal 
fatigue.  
In this chapter, a brief review of the basic fatigue mechanisms as well as the effects of 
microstructure and texture on the behaviors of short crack growth in Al alloys during 
high cycle fatigue will first be given. The motivation and objectives of this study will 
then be addressed. The main results of this work will be summarized in the final section. 
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1.1 Literature Review on High Cycle Fatigue of Aluminum alloys 
Commonly the fatigue process is considered to comprise two stages (as shown in Figure 
1.1), namely, the crack initiation and the crack growth [1]. The crack initiation period 
may cover a large percentage (up to 90%) of the fatigue life under high-cycle fatigue. 
Extensive research work has been carried out, contributing to the understanding of the 
mechanisms for fatigue damage, crack initiation and early growth in metallic materials in 
the past 30 years, though we are still far away from quantitative understanding these 
mechanisms. Attempts have been made to apply the stress concentration factor Kt and the 
stress intensity factor K to predict the crack initiation and crack growth respectively. 
1.1.1 Fatigue Damage and Short Fatigue Cracks 
1.1.1.1 Fatigue damage and crack initiation mechanism 
Fatigue damage can occur in a polycrystalline material under dynamic loading at stress 
levels below its yield stress. At such a low stress level, plastic deformation is only 
confined to a small number of “soft” grains in the material. The plastic deformation is 
responsible for the accumulation of fatigue damage. This micro-plasticity normally takes 
place more easily on the surface of the material, because of the constraint by the 
surrounding material being the minimum in the surface than inside the material. The 
observation by Barrett indicates that the slip bands appearing on the sample surface are 
the result of the localized plastic deformation [7]. 
Formation of micro-cracks in the slip bands in the yielded grains was recognized as early 
as 1903 [2]. Forsyth [8] later reported thin ribbons of the metal (0.1 μm thick and 10 μm 
long) ‘extruded’ on the specimen surface from the persistent slip bands (PSBs) in an Al-
Cu alloy and acted as a micro-crack initiation site. Crack initiation from a slip band has 
also been confirmed in pure Cu [9]. Slip irreversibility due to oxidation of the freshly 
formed surface due to slip is believed to be the mechanism for the formation of PSBs. 
Studies by Cheng and Laird (1981) revealed that crack nucleation occurred preferentially 
at PSBs with the highest slip offset or the largest strain localization [10]. Metallographic 
observation showed that fatigue-induced surface changes corresponded to a period of 
cyclic strain adjustment in which slip saturation and microcracking occur [11]. Boyce [12] 
revealed that thickening of the oxide on the freshly formed surface of the PSBs was the 
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mechanism for crack initiation. PSBs are the nucleation sites of the fatigue cracks on the 
surface in many ductile materials. 
In general, the irreversibility of cyclic slip [13] and environmental effects [14,15] are the 
two main important factors controlling crack initiation. The cyclic slip irreversibility 
results from two main processes during fatigue. One is that the thin oxide layer on the 
freshly formed surface by slip cannot simply be removed from the slip step in the reverse 
part of a load cycle. The other is that the strain hardening taking place in slip bands 
makes it difficult to reverse cyclic slip fully. As a consequence, extrusions and intrusions 
may occur when plastic strain becomes more concentrated in localized slip bands. 
Intrusions act as stress raisers and cracks are consequently formed at these intrusions 
[16,17].  
Another surface feature called protrusion has also been observed in studies of fatigue 
crack initiation [17,18]. It is a macro-PSB that is several micrometers in height and tens 
of micrometers in width. A protrusion may contain several intrusions and extrusions and 
extend all the way through the cross-section of the specimen.  
However, fatigue crack nucleation does not invariably occur only at slip bands. Second 
phase particles and inclusions are common crack initiation sites, especially in high-
strength alloys where particles may be fragmented during prior deformation processing 
[19-22], because of stress concentration at these particles or inclusions. Crack nucleation 
in precipitation hardened materials (e.g., 2000 and 7000 series aluminum alloys) may 
occur in precipitate free zones (PFZ) adjacent to the grain boundaries especially in an 
over-aged temper condition [23,24]. In addition, surface roughness could also promote 
crack initiation on the material surface [25]. 
1.1.1.2 Crack propagation and the driving force 
Crack propagation behaviors 
Fatigue crack propagation in engineering materials has been extensively studied for 
several decades. While the behavior of a long crack can be quantified using the Paris law 
[26,27], the growth behavior of a short crack is still far from being quantitatively 
understood. As shown in Figure 1.2, it has been recognized, almost without exception, 
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that, under the same nominal driving force, the growth rates of short cracks are greater 
than the corresponding growth rates of long cracks [19,28-36]. Furthermore, the short 
cracks can propagate at stress intensities well below the so-called fatigue threshold stress 
intensity range (ΔKth), below which the long cracks remain dormant or grow at 
experimentally-undetectable rates [35,37]. Hence, using the data of long cracks in fatigue 
lifetime calculations of engineering components where the growth of small flaws 
represents a large proportion of the lifetime, can lead to considerable overestimates in the 
fatigue lives.  
A short crack is generally defined as a crack the growth behavior of which cannot be 
simply described by linear elastic fracture mechanics (LEFM) since the material is no 
longer uniform and isotropic on the microscopic scale. Following concepts are also used 
to define short cracks in practice [38,39]: i) Cracks which are of a length comparable to 
the scale of the microstructure (e.g. of the order of the grain size); ii) Cracks which are of 
a length comparable to the scale of local plasticity (e.g. small cracks embedded in the 
plastic zone of a notch or of a length comparable with their own crack tip plastic zones, 
typically ≤10-2 mm in ultra-high strength materials and ≤0.1-1 mm in low strength 
materials) and iii) Cracks which are simply physically small (e.g. ≤0.5-1 mm in length). 
The propagation behavior of short cracks is also closely related to their forming process. 
After a crack is initiated from a PSB or inclusion, it will grow initially in a 
crystallographic fashion (also called stage I crack) [40], namely, the microcrack will 
follow a slip plane within a single grain and will be accompanied by the formation of 
other cracks in adjacent grains, all growing along planes most favorably oriented for slip. 
The non-uniformity of microstructure, such as grain/phase boundaries, grain orientation 
and size, etc., presents significant obstacles to the growth of the short cracks in stage I. 
Then, the microcracks will link up to produce a crack front that is irregular and of 
varying orientation along its length [41]. To allow further growth of the crack front as it 
penetrates more deeply into the material, additional slip systems must be operated. The 
crack growth subsequently enters the stage II mode, i.e., long crack growth regime, in 
which the crack path is approximately at right angle to the load axis under a uniaxial 
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loading condition. At the stage II, crack growth is less sensitive to microstructure in the 
material.  
Zabett found that at the normalized stress level used for the crack propagation tests, the 
short crack regime generally ended with a marked deceleration in the growth rate [42]. 
For a few cracks, however, when the magnitude of the retardation was either not 
observed or very small, the change in general slope of the crack growth rate curve was 
taken as the transition from short to long crack behavior. 
The growth behavior of a short crack is intimately connected to microstructure [30,42-44], 
and is highly stochastic [32,45]. The variation in growth rate from crack to crack is 
considerable, because the micro-structural parameters, such as the orientation of the slip 
system, the misorientation between the neighboring grains and the grain /inclusion size, 
vary at random. The local micro-structural features can either promote non-continuum 
plastic deformation, leading to rapid growth of the short crack, or cause severe 
retardation of crack growth. Evidence obtained by Taira et al. showed that growth of 
small cracks was impeded by the presence of grain boundaries due to blocking of slip 
bands ahead of the crack tip by the grain boundaries [46], containment of the plastic zone 
within the grain [47], reorientation and re-initiation of the crack as it propagated across 
the boundary [48], or simply cessation of growth at the boundary [47]. 
Crack closure 
The rate of fatigue crack propagation is strongly affected by crack closure during the 
fatigue processes. Experiments and modeling demonstrate that crack faces could contact 
during the unloading portion of the fatigue cycle at positive applied stress levels [37]. 
Such contact shields the crack tip from further unloading. The cyclic stress range at the 
crack tip is accordingly reduced from that typically equal to the complete span ΔK of 
stress intensity from Kmin to Kmax (Figure 1.3 (a) and (b)) to ΔKeff. Crack closure causes 
reduction in growth rates compared to the values of unhindered crack opening and 
closing at the same applied ΔK range [26,39,49]. The crack closure is often caused by 
rough and irregular fracture surface, particularly where the crack extension mechanism 
involves a strong single shear component [49,50]. As will be discussed later in this 
Chapter, it can also be caused by plasticity and corrosion. 
 5
As demonstrated by the experimental data of Morris et al., the development of crack 
closure is a strong function of crack size [29,49] and mechanical properties of the 
material [51]. In Al-alloys and 9Cr-1Mo steel, the stress intensity factor at crack closure 
(KCl) reaches very quickly to the value associated with a long crack when the crack is 
only 0.2-0.4 mm, while the crack in a cast iron can extend over a large distance (≈ 1.5mm) 
before KCl is almost constant.  
Whether a crack will continue to grow or not depends on the extent of crack tip plasticity 
and the crack tip opening in each loading cycle. The lack of crack closure in the early 
stage of crack growth is a dominant mechanism for the anomalously rapid and sub-
threshold growth of short cracks at low stress intensity ranges in aluminum alloys [38,49]. 
All known mechanisms for crack closure, or crack surface contact during tensile fatigue 
loading, act in the wake of the propagating crack. Three specific shielding mechanisms 
are shown in Figure 1.3(c)-(e). The plasticity-induced closure, shown in Figure 1.3(c), 
arises from interference between the meshing of crack surfaces, which were permanently 
deformed as the crack tip passing through the plastic zone. This closure mechanism is 
particularly important for plane stress deformation, which is typical at higher ΔK levels. 
When crack surface corrosion products reach a thickness comparable to crack opening 
displacement, fatigue crack propagation rates will be reduced by the second mechanism 
for closure, corrosion debris, as shown in Figure 1.3(d). Roughness induced closure, 
Figure 1.3(e), arises from the premature contact of crack surface asperities, which may be 
pronounced for specific microstructure, deformation mode, and environment conditions 
[37].  
Driving force for crack propagation 
Based on the linear elastic fracture mechanics, Paris and Erdogan [52] suggested that, for 
a cyclic variation of the applied stress field, the stress intensity factor range, ΔK, should 
determine the rate of fatigue crack growth and act as the driving force for crack growth,  
                                ΔK = KMax – KMin                                                                        (1.1) 
KMax and KMin are the maximum and minimum values, respectively, of the stress intensity 
factor during a fatigue stress cycle.  
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where Y is a geometrical factor which depends on the ratio of crack length a to the width 
of the specimen W, and σmax and σmin are the maximum and minimum values of the 
fatigue stress cycle respectively. 
Since the early work by Elber [53], it is now well established that the “driving force” for 
fatigue crack propagation is reduced by the crack closure effect. At the low stress ratio 
(R), the ‘closure-corrected effective driving force’ ΔKeff is smaller than KMax – KMin and is 
equal to (KMax – KCl), where KCl is the stress intensity factor at crack closure, as shown in 
Figure 1.3(a). The crack growth rate for a 2024 Al-alloy is shown as a function of ΔK and 
ΔKeff in Figure 1.4 [51]. It is noticed that in the near-threshold regime, where the crack 
either remains dormant or grows at undetectable rate, ΔKeff is much smaller than the 
applied ΔK. The anomalous higher growth rate of a short crack might be linked to a 
higher ΔKeff. Crack closure arises as a result of the premature contact between the crack 
faces behind the advancing crack tip, and since a short crack has a limited wake, crack 
closure effects is less pronounced for a short flaw propagating on a smooth specimen 
surface or ahead of a notch tip [39]. As a result, a short crack has a higher ΔKeff due to the 
substantially smaller closure stress. 
1.1.1.3 Approaches to evaluate fatigue lives 
Standard stress-life (S-N) curves 
It is also called total-life or fatigue limit approach. The first reported method for 
characterizing the fatigue life in terms of nominal stress amplitudes emerged from the 
work by Wöhler [54]. The current method for determining the stress-life curve is spelled 
out in detail in ASTM Standards E466-E468 [55].  
In this method, the stress amplitude, σa, is plotted against the number of fatigue cycles to 
failure, Nf, as shown in Figure 1.5. Under a constant stress amplitude condition, the 
stress-life curve (also known as the S-N curve) exhibits a plateau beyond about 106 
fatigue cycles for mild steel and other materials, which are hardened by strain-aging 
during the fatigue test. Below this plateau level, the specimen may be cycled indefinitely 
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without failure. This stress amplitude is known as the fatigue limit or endurance limit, σe. 
From the aspect of crack study, the fatigue limit is considered as the largest stress 
amplitude recognized as a threshold for the growth of small cracks, and not as a threshold 
for crack nucleation [6]. The value of σe is typically 35% to 50% of the tensile yield 
strength, σS, for most steels and copper alloys. Correspondingly, the total fatigue life is 
the sum of the number of cycles to initiate a fatigue crack and the number of cycles to 
propagate it to some final crack size. 
However, many high strength steels, aluminum alloys and other materials do not 
generally exhibit a stress limit under high fatigue cycles (see dashed line in Figure 1.5). 
For these materials, the stress amplitude, σa, continues to decrease with increasing 
number of cycles. The fatigue limit for such cases is defined as the stress amplitude at 
which the sample can support for at least 107 fatigue cycles [39].  
It has been observed that the fatigue limits of different types of alloys increase 
approximately proportionally to the tensile strength [26,56]. However, at very high values 
of the tensile strength, this trend did not continue and relatively lower fatigue limits are 
produced. This is because the inclusions found in the high-strength materials act as 
micro-notches in the material, which can generate fatigue crack nuclei at relatively lower 
stress levels and decrease the fatigue limits. 
Damage-tolerant approach 
The basic premise of the damage-tolerant approach is that all engineering components are 
inherently flawed. The fatigue life is then defined as the number of fatigue cycles or time 
to propagate the dominant crack from this initial size to some critical dimension. This 
approach deals primarily with the resistance to fatigue crack growth. 
For most engineering alloys, the crack growth rate, da/dN, under a certain stress level can 
be given by a plot of da/dN against ΔK, as shown in Figure 1.2. Such an expression is 
generally derived from the empirical equation by Paris [52], based on the linear elastic 
fracture mechanics (LEFM), 
                                      da / dN = C (ΔK)m                                                                                                  (1.3) 
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where da/dN is the crack growth increment per cycle, ΔK is the range of stress intensity 
factor, and C and m are the material constants. The damage-tolerant approach is more 
conservative, compared with the total-life approach, and has been widely used in fatigue-
critical applications, e.g. aerospace and nuclear industries.  
It should be indicated that the Paris law could only be used to calculate the endurance of 
structure components containing long initial cracks, since short fatigue cracks respond to 
cyclic stress in a way that differs from that of long cracks [48,57]. There are large 
numbers of evidence showing that short cracks (0.05-0.1mm) propagate faster than long 
cracks under the same nominal driving force (ΔK) [28-32]. The common procedures of 
damage tolerance assessment based on the long crack growth behavior could 
overestimate the life of a short crack. In the mean time, there is a large number of 
variables that can affect the short fatigue growth behavior in a structure [19,58,59]. 
Although the present knowledge about the growth behavior of short fatigue cracks has 
been greatly enhanced with the development of the new experimental techniques [60-63], 
computers and numerical stress analysis [4,32,38], the quantification of crack initiation 
and short crack propagation is still a big challenge due to the complicated effects of 
microstructure and environment factors on the short crack growth behavior. 
1.1.2 Factors Controlling Initiation and Early Growth of Short Cracks 
Many factors affect the initiation and propagation of a fatigue crack. Generally speaking, 
they could belong to one of the following aspects: i) Surface effect, e.g. surface 
roughness, surface damage or surface treatment; ii) Environmental effect, e.g. corrosion 
and temperature; iii) Geometrical effect, e.g., stress concentration, and iv) 
Microstructural effect, such as grain size and shape, second phase particles, precipitation 
and texture. The following discussion will focus on the effects of microstructure and 
texture, which are very important for the design of a material.  
1.1.2.1 Crystallographic texture  
Effect of texture on crack initiation 
A study on nickel micro-specimens with a strong pre-existing electro-deposition texture 
shows that there is a tendency for the formation of PSB zones on near-cubic oriented 
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grains [11]. The connection between the ease of activation of independent slip systems 
and the ease of formation of extensive PSB deformation has been convinced by the 
Taylor factor criterion. 
Mineur et al. have investigated the influence of texture on the fatigue behavior of 316L 
austenitic stainless steel [64]. For each selected damage area, electron backscatter 
diffraction technique (EBSD) is used to measure the crystallographic texture. The 
analysis of the global damage shows a strong effect of texture on the crack initiation. 
Hard grains (i. e. grains with a low Schmid factor) with crystalline direction close to 
<111> directions are characterized by very small crack densities while soft grains (i.e. 
grains with high Schmid factor) with direction close to <110> directions by high crack 
densities. 
Taylor et al. have studied the function of grain orientations in controlling crack initiation 
sites in an Al-Li 8090 alloy extrusion [65]. The grains with a high Schmid factor are 
plastically softer and are likely to be the preferential sites for the initiation of fatigue 
damage. Cracks are predominantly initiated in grains with <100> being oriented to the 
load axis.  
Feng et al. also studied the effects of local grain orientations on crack initiation [66]. 
They found that increasing texture sharpness may favor crack initiation because effective 
slip distances are increased beyond individual grain dimensions. In general, fatigue 
cracks are preferably initiated in crystallographically soft grains in polycrystalline 
materials. 
Effect of texture on short crack propagation 
Similar to the initiation of cracks on some preferential slip planes, fatigue cracks tend to 
follow particular crystallographic planes within individual grains, especially in planar slip 
alloys which either have a high stacking fault energy or are precipitation hardened.  
The crystallographic orientation of grains around short cracks was measured by Patton et 
al. [67] using EBSD in 7010 Al alloys. The computation of 12 Schmid factors indicates 
that the crack propagates in the crystal plane exhibiting the highest Schmid factor. The 
test also shows that the grains exhibiting twisted cube texture with respect to the tensile 
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axis are more likely to initiate crack by intermetallic rupture. It corresponds to the grain 
orientation for which the two highest Schmid factors are comparable and relatively large 
in the grains. 
Fatigue cracking along {111} was suggested for AA 8090 Al-Li-based alloy in vacuum 
and moist air [65,68]. The EBSD results show that fatigue crack propagation (FCP) in 
vacuum progressed by microcracking, nearly parallel to {111}, for over 80% of the facets 
analyzed in the recrystallized-coarse and unrecrystallized microstructure [68]. It is worth 
mentioning that small (0.5-1 μm height) steps were present on some facets. Fatigue facets 
parallel to {111} were also reported in the study of an unrecrystallized Al alloy plate with 
the copper-type texture in vacuum test condition [69]. A similar result was observed for a 
Goss-oriented grain in recrystallized sheet, as well as in recrystallized grains with more 
random orientations.  
Another study in a 8090 Al-Li alloy plate by Wu et al. [70] indicates that the 
directionality of the fatigue fracture behavior is related to the strong {110}<112> texture. 
A mechanistic model is developed for transgranular fatigue-crack growth in this highly 
textured material. The material texture is shown to strongly influence the crack growth 
rate. The effect of texture on fatigue crack growth rate (FCGR) is related via a geometric 
factor cos2 φ, where φ defines the angle between the load axis and the normal of the 
favorable slip plane. The effect of specimen orientation on FCGR in this Al-Li alloy is 
shown to be related to a combination of its anisotropic mechanical properties and the 
variation of angle φ with specimen orientation. The model further predicts that fatigue-
crack growth rates will be slower in many textured materials than texture-free materials 
because φ > 0 and cos2 φ < 1.  
For a short crack, the low level of constraint on cyclic slip promotes crack growth in a 
predominantly crystallographic mode, leading to a straight path of the crack on the 
surface  [23, 38]. When the crack tip reaches a grain boundary, it tends to reorient itself in 
the adjacent grain to advance by the localized shear mechanism. The extent of deflection 
at the grain boundary is a function of the relative orientations of the most favorable slip 
systems in the adjoining crystals. 
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A crystallographic model, proposed by Zhai, considers that the twist and tilt angles of the 
crack-plane deflection at a grain boundary are the key factors controlling the path and 
growth rate of a short crack [71]. The schematic diagram of the mechanism for crack 
growth through a grain boundary (GB) from grain 1 into grain 2 along the favorite slip 
planes is shown in Figure 1.6.  
The crack path on the sample surface follows lines ea and af in grain 1 and 2, and the slip 
planes in grain 1 and 2 intersect the GB plane along lines ab and ac, respectively. Here, 
for the convenience of illustrating the mechanism for crack-plane deflection at a GB, the 
GB plane is assumed to be parallel to the X axis (the loading axis), and perpendicular the 
sample surface. Two angles, θ and ψ were used to define the orientation of the slip planes, 
which are the angles between the load axis (X axis) and the traces of the slip plane on the 
sample surface and the GB plane. The misorientation between the two slip planes can 
therefore be defined by angles α (twist angle) and β (tilt angle), where α=|ψ1-ψ2| and 
β=|θ1-θ2|, 0o≤β, α, ψ1, ψ2, θ1, θ2 ≤180o. The crack plane twist (α) represents the major 
resistance to propagation of a crack across the GB, and should be as small as possible, 
and the crack growth is controlled by twist angle α and tilt angle β.  
A grain boundary with a large twist component could cause a short crack to arrest or 
branch. The model formed the basis for designing the optimum macro- and micro-texture 
that could improve the short crack growth resistance in alloy and for predicting the life of 
a short crack in an alloy with known texture and grain structure. It is applied to 
quantitative analysis the relationship of short crack growth and micro-texture in this study. 
Anisotropy of fatigue properties 
Combined with the reports on the orientation dependent tensile properties [72,73] due to 
the crystallographic texture, anisotropy of fatigue properties [74,75] has also been 
investigated. 
In the study of a 2024 Al alloy in T351 temper, Zabett et al. [42] found that, compared 
with the transverse (T) and short-transverse (S) directions, specimens in the longitudinal 
(L) direction have the shortest fatigue life under the same normalized stress amplitude of 
0.45 σTS. Morris et al. [76] observed the same phenomenon in 2219 Al-alloy with T851 
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temper. Their observations led them to conclude that early particle cracking and 
coalescence of microcracks reduced the life of these specimens in the longitudinal 
direction.  
Gregory et al. have studied the crack propagation behavior in a highly textured 7475 
material. They observed a marked enhancement in GB crack arrest in an L+45o direction 
compared to the L direction [77]. The crack arrest was linked to the presence of two 
orientation variants in the underlying ‘brass’-type texture and the different Schmid 
factors experienced by each variant for the two testing orientations. 
The effect of the specimen orientation on the cracking characteristics can also be 
associated with the presence of the texture and the related variation in strength by Chen et 
al. [78]. The fatigue strength in the transverse direction is greater than that in the 
longitudinal direction because of the existence of texture in an Al-Li alloy.  
In addition to texture, there are also other microstructural factors, such as precipitation, 
particles, and grain size and shape, etc. that can affect the fatigue behavior of an alloy 
[79-82]. The next section will deal with the effects of these factors in details.  
1.1.2.2 Microstructure 
Crack initiation sites 
Large intermetallic particles are the most common sites for the naturally occurring short 
cracks [19,57,20-24,83,84], which could be due to either the cracking of the particle itself 
or fracture of the particle-matrix interface.  
From the direct observation of particle cracking in a 7075 Al alloy, it appears that 
fracture occurs suddenly [83]. The failure confirmed to be cleavage fracture with the river 
patterns on the fracture surface. Particle failure due by cleavage is the result of an 
excessive critical tensile stress. The research done by Goodier indicated that the tensile 
stress across spherical particles might be about twice the principal stress σ1 if the particle 
had infinite stiffness [85]. Patton and co-worker [67] found that most of the cracks in 
7010 Al alloys initiated at Al7Cu2Fe and Mg2Si intermetallic particles. The Young’s 
modulus and hardness of these two kinds of particles were measured by using a 
nanoindentation technique [86]. The mean Young’s modulus of Al7Cu2Fe is 150 GPa, 
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which is twice that of the matrix, and 97 GPa for Mg2Si. This is consistent with the 
observation by Van [83] that the crack springs open widely through the particle after 
particle failure. Before fracture by stress concentration due to elastic modulus 
discontinuity, the particles have undergone elastic deformation.  
By taking into account the effect of large particles on the fracture toughness, a model was 
developed by Van [83] to show the relation between KIc and the particle population, 
                             KIc = C λ1/2f -1/6m                                                                            (1.4) 
where C and m are material constants, λ is taken as the average particle distance and f is 
the particle volume fraction. KIc is the critical stress intensity factor of mode I, the tensile 
opening mode, in which the crack faces separate in a direction normal to the plane of 
crack. KIc calculated by this equation is in a reasonably good agreement with the results 
measured experimentally in 7010 Al alloys.  
Similar investigations have been done on 7050 Al alloys by Gürbüz et al [87]. The 
irregularly shaped particles of Al7Cu2Fe were found to be easily fractured with no 
evidence of plastic deformation. While the less abundant, spherical particles Mg2Si are 
not fractured and can slow down fatigue crack growth either by causing cracks branching 
or increasing the crack growth path as the crack propagates around these particles. 
Another type of less abundant particles, CuAl2Mg, could also retard the fatigue crack 
growth rate in the same manner as Mg2Si particles. 
There are some common features in fatigue crack initiation in 2024 Al alloys compared 
with 7xxx Al-alloys. Most of the cracks are initiated at Al7Cu2Fe (also be termed as β-
phase by Suresh [38] and Sigler [22]) particles [42] in the 2024 alloys. At a relatively 
high cyclic stress amplitude, such as 95% yield strength, a crack can also be initiated at a 
CuAl2Mg (s-phase) particle [22]. No fatigue cracks emanating from broken particles were 
observed on the surface that is parallel to T and S directions [42]. In these two 
orientations, the longitudinal direction of the second phase particles is perpendicular to 
the loading axis, thus having the minimum stress concentration effect on the crack 
initiation process. As a result, second phase particles may not be involved in fatigue crack 
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initiation for cyclic loads perpendicular to the rolling direction, unlike the case where the 
applied stress is parallel to the rolling direction [76].  
Fatigue damage started in the matrix itself had been observed by Haworth et al. [11,22] in 
2024 Al-alloy. It was found that matrix cracks are not generally associated with 
particularly intense area of slip. In these overaged materials, non-shearable precipitate 
particles were expected to cause cross-slip or dislocation tangling, leading to relatively 
homogeneous deformation without forming coarse slip bands. Concentrated slip is 
therefore unlikely to initiate cracks in slip bands. It is possible that the matrix cracks are 
associated with local stress raisers (such as constituent particles) that lie beneath the 
metal surface.   
Another type of potential crack initiation sites is voids. The voids are not produced 
during fatigue but occur during prior processing when a large particle is broken into 
fragment [22]. The voids serve as initiators of internal penny-shaped fatigue cracks that 
grow to a visible size before they reach the surface or merge with a dominant crack [88]. 
Grain boundaries (GBs) can be one of the factors for fatigue crack initiation in aluminum 
alloy. Generally crack initiation is associated with two types of GBs, one is the GBs 
normal to the loading axis and another is the GBs with precipitation free zone (PFZ). 
The normal GBs are barriers to the movement of dislocations and cyclic deformation in 
the engineering materials. Stress concentration and microvoid growth at large GB 
precipitates could cause crack initiation. Results by Sigler show that crack initiation at 
grain boundaries are limited primarily to high stress amplitudes in 2024 Al alloy [22]. 
The grain boundary crack density is very low in the early stage of the fatigue life at a low 
stress level, but at a high stress level it increases dramatically with increasing the number 
of cycles. One infers that, only at high applied stresses, the local strains caused by 
irreversible slip sufficient could open up cracks along the grain boundaries. Srivatsan [24] 
indicated that the preferential plastic deformation throughout the favorably oriented 
grains results in a highly localized stress concentration at locations of grain boundary 
triple junctions, with concomitant early nucleation of microcracks. It is assumed that the 
grain boundaries are stress concentration sites compared with the matrix and promote 
preferential plastic deformation.  
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A large number of studies show that some of the GB fractures have relationship with 
precipitation free zone (PFZ) along GB [23,24,89-92]. In the age-hardenable aluminum 
alloys, the existence of a PFZ is due to the formation of equilibrium second phase at GBs, 
which consume supersaturated solute atoms in the vicinity of these GBs. As a result, 
there are no metastable hardening precipitates forming in the region which becomes a 
weakest-link in fatigue damage.  
Mulvihill et al. [89] found that crack initiation invariably took place at grain boundaries 
in Al-4.5Cu alloys at a maximum stress of 80% σYS. The result from TEM examination 
showed that along the boundaries there were a number of elongated θ precipitates 
surrounded by the precipitate-free zone (PFZ), with the remainder of the material being 
hardened by the θ” and θ’ precipitates associated with peak aged condition in the matrix. 
On the other hand, fatigue tests on an Al-0.5Cu alloy in the solution-treated and quenched 
condition showed no grain boundary cracking. In the peak aged alloy, the PFZs cause the 
crack initiation at GBs because of PFZ at these GBs.  
Vasudevan et al. [92] offered some ideas to explain the PFZ fracture based on the 
published studies and their research on an Al-Li alloy. Their explanation includes (1) 
strain localization in the soft precipitate free zones and (2) the influence of matrix 
precipitate shear giving rise to inhomogeneous planar slip that may apply large stress 
concentrations to the GB at the end of slip bands. This type of GB crack initiation can be 
prevented by inhibiting the formation of PFZ at GBs. 
Persistent slip bands (PSBs) is generally recognized as a pre-requisite for the formation 
of fatigue cracks in pure crystals as well as alloys, especially those ductile alloys.  
Studies on T and S directions of a 2024 Al-alloy by Zabett [42] shows that large surface 
grains are the potential sites for crack initiation because of the ease of the formation of 
PSB, extrusions and microcracks, when no pre-exiting defects such as cracked particles 
are present. 
Reports from Polak and co-workers [93] indicate that in 1421 and 1450 Al-Li alloy 
extrusion, fatigue cracks also start from the slip bands and it is the size of grains that 
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determines the size of the initiated crack. The cracks initiated from slip bands have the 
lowest growth rate. 
Although extensive research into fatigue crack initiation at slip bands has been conducted 
for years, the mechanism for the crack initiation is still not quantitatively understood. 
Crack growth 
With respect to microstructural features, it is generally accepted that the presence of 
microscopic discontinuities, such as grain boundaries, hard second phases, or inclusions, 
plays a somewhat minimal role in influencing the growth of long fatigue cracks [26], 
because their growth behaviors are governed primarily by average bulk properties and 
can be quantified by the Paris law [41]. However, the growth behavior of small cracks is 
sensitive to microstructure. 
Grain boundaries   
There is enough evidence showing that growth of small cracks is impeded by the 
presence of grain boundaries [29,48,71]. Vast majority of secondary cracks have been 
observed with their tips at grain boundary in Al-Li alloy [82]. It is found that when the 
tips of these cracks reach the same grain boundary, some crack tips can cross one or two 
grains before arresting. This indicates that some grain boundaries offer much more 
resistance to the crack propagation than do others.   
The effect of GB on crack propagation was also proved by Sarioglu et al. [91]. The crack 
propagation rate was measured in the samples with different orientations, namely, L-T, 
T-L and 60o to the rolling direction in a 2024 Al alloy at different aging time. The lack of 
difference in fatigue crack propagation rates in these three orientations was explained by 
the change of slip characteristics of the alloy after aging. For the under-aged condition, 
the slip length was determined by the grain size. The formation of large plastically 
deformed zone leads to crack arrest until a new crack is formed at slip steps in the nearest 
neighboring grain. After over-aging, slip length was determined by the inter-particle 
spacing. The grain boundary effect does not occur in the homogeneously deforming 
overaged alloy.  
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Based on micro-plasticity and crack closure effects, Morris and co-workers [47] have 
modeled the short crack growth process in terms of two factors, namely a cessation of 
propagation into a neighboring grain until a sizeable plastic zone is developed, and 
retardation in growth rates due to an elevated crack closure stress. Taira et al. [46] 
similarly considered the impeded growth of micro-structurally short cracks in terms of 
the pinning of slip bands, emanating from the crack tip, by grain boundaries. The test 
results by Lankford [48] indicate that the minimum crack growth rate corresponds to a 
crack length roughly equal to the smallest grain dimension. When the orientation between 
the grain containing the crack and the neighboring grain is similar, there will be little 
deceleration in growth rates at the boundary [38].  
From Taylor’s [32] model for short crack growth, the exact mechanisms will depend on 
the particular microstructural features that control short crack growth behavior, but a 
common observation in low-strength alloys is that the minimum growth rate occurs when 
the crack reaches the first grain boundary. The boundary is a barrier to cyclic plasticity. 
Therefore, crack extension, which is a process of plastic deformation, is relatively easy 
within the first grain. In high-cycle fatigue many cracks never grow beyond the first grain, 
and any cracks that grow beyond the microstructural sizes may rapidly cause failure.   
The crack growth retardation at a GB triple junction was noticed by several investigators 
[92,94]. The continued growth of the retarded cracks takes place in a transgranular 
manner after an increase in stress range. 
Particles and voids 
Besides GBs, the effect of particles and voids on crack growth might not be ignored. 
Debartolo et al. [21] found that the interaction between the crack tip and neighboring 
particles depends on the state of the constituent particles. When particles were well 
bonded with the matrix, the cracks tended to deviate from straight paths to avoid the 
particles, effectively slowing crack growth. When particles were cracked or debonded, 
fatigue cracks tended to grow through them, effectively speeding up crack growth. 
Srivatsan et al [24] considered the voids as being equivalent to second-phase particles 
having ‘zero’ stiffness. The local strain rate is greater for voids than for the matrix in the 
studied 2524 Al-alloy. This facilitates a gradual increase of both the size and relative 
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volume fraction of voids during fatigue. The finer microscopic voids coalesce to form 
void sheets that serve to link the macroscopic voids randomly distributed through the 
alloy microstructure. The inclined planar void sheeting has also been found in the ductile 
fracture of 5754 Al-alloy [95]. The increasing density of the voids at a high crack growth 
rate appears to be a signature of crack plane re-orientation through particulate clusters as 
a path of lease resistance [88].   
Grain and crack size  
It is not surprising that crack depth will also affect its propagation. When crack depth is 
less than a critical (am) value, crack growth behavior has been found to be highly 
dependent upon the microstructure [30,42,96]. Miller postulated an initially low nominal 
threshold strain range for microstructurally short cracks and that, as crack depth increases, 
the stress range would increase due to the presence of microstructural barriers. In the 
model for fatigue limit prediction given by Abdel-Raouf [97], the variation of the 
effective stress intensity parameter is the function of crack depth. The local stress 
intensity of a 2024 Al-alloy is a maximum at the crack depth approximately half a grain 
diameter and minimum at the depth slightly in excess of three grain diameters. 
By using the grain size and shape parameter, the calculation done by Hyspecky [45] 
revealed that the critical number of cycles is necessary for the conversion of a short crack 
into a long crack by crack coalescence based on the short crack population. 
From the viewpoint of Rodopoulos [98], coarser grained materials are likely to exhibit a 
broad region of short crack growth, while fine grained materials exhibit a narrow region 
of short crack growth.  
1.2 Rationale and Purpose of the Study 
Although many efforts have been made to understand the mechanisms of fatigue damage 
and short crack early growth during the high-cycle fatigue of Al alloys, it is still a long 
standing challenge for the material scientists and  engineers to develop materials with 
both high tensile strength and superior fatigue properties. Although extensive studies 
have been carried out of crack initiation and early growth which have profound effects on 
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the fatigue properties, the quantitative analysis of their correlations with microstructure 
and texture is still far from satisfaction. 
In this study, work is carried out on the effects of microstructures and texture (including 
micro- and macro-texture) on the fatigue properties, including fatigue strength, crack 
initiation and propagation, in high and medium strength Al alloys. The purpose of the 
study is mainly to further understand the strengthening mechanisms of a material under 
monotonic tensile and fatigue loading, so as to develop the tensile strength without a 
compromise of sacrificing the fatigue strength theoretically. In the mean time, an attempt 
is made to qualitatively/quantitatively explain the relationship of the short crack 
propagation behavior with micro- and macro-texture in high strength Al alloys. Also, the 
concept of weakest link density based on the relationship of crack initiation and applied 
stress is introduced to evaluate the high cycle fatigue property of a material.  
1.3 Selection of the Materials and Experimental Techniques 
Two types of Al alloys, AA2026 and AA2099, and AA5754, with high and medium 
tensile strengths respectively are studied in this study. Compared with the high strength 
Al alloys, there has been work done on the fatigue properties of medium strength Al 
alloys, since their formability and tensile strength are often more important in practical 
engineering applications. With the development of manufacturing technology which 
improves the properties of Al alloys, as well as the steady increase in structural 
applications, researchers and engineers have also begun to pay their attention to the high 
cycle fatigue behavior of medium strength Al alloys. The AA5754 Al alloy is produced 
by a continuous cast method which omits several processing steps (such as ingot casting, 
scalping, homogenization and hot breaking-up, etc.) that are used in the conventional 
ingot direct chill cast (DC) method. This alloy presents about 20% economical savings. 
compared to its DC counterpart. 
Besides the large difference in tensile strength, these two types of alloys have totally 
different fatigue properties, especially the crack growth behaviors, due to the dissimilar 
slip mechanisms in these alloys. The high strength Al alloys have a strong tendency for 
planar slip, while non-planar slip is the main deformation mode in the medium strength 
Al alloys. As a result, fatigue cracks tend to propagate in a crystallographic mode in the 
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high strength Al alloys, but they grow in a non-crystallographic mode in the medium 
strength Al alloys. The AA2026 Al alloy is a new generation Al-Cu alloy which exhibits 
superior tensile and fatigue strengths over its predecessor, AA2024 Al alloys, as will be 
discussed in details later in this thesis. 
Usually, planar slip only takes place in pure metals with a low stacking fault energy γ, e.g. 
copper, which has γ = 40 mJ/m2. This is because a full dislocation may decrease its 
energy by dissociation into two partial dislocations, separated by a stacking fault which is 
the discontinuities in the stacking order of close-packed planes (e.g. {111} for face-
centered cubic metals) [99,100]. In a face-centered cubic (fcc) crystal, the dissociation of 
a full dislocation could be expressed as, 
[ ] [ ] [ ]112611216110121 +=                                                           (1.5) 
A full dislocation that dissociates into a pair of separated partials is known as an extended 
dislocation [101]. An extended dislocation with a pair of partial dislocations will move in 
consort through the crystal. The first partial dislocation, as it moves, changes the stacking 
order by producing an anti-phase boundary (APB), while the second restores the stacking 
order to its proper sequence by gliding on the same crystal plane. As both partials passed 
through the lattice on the same crystal plane, leaving the crystal being sheared (at the slip 
plane) by an amount equal to the Burgers vector b of the full dislocation [100]. The lower 
the stacking fault energy, the wider the stacking fault between the extended dislocations 
in the metal, thereby the metal has a strong tendency for planar slip. 
In Aluminum, the dislocations are almost unextended and have a very low tendency for 
planar slip, due to its high stacking fault energy (γ = 135 mJ/m2) [102]. The tendency for 
planar slip can be enhanced via reducing the stacking fault energy of aluminum by 
alloying, especially by the presence of large volume fractions of shearable, ordered 
precipitates, e.g., in the case of the high strength Al alloys studied in this work. As shown 
in Figure 1.7, the motion of a unit dislocation through the ordered lattice of the 
precipitates will create disordering in the form of an APB. To minimize the extra energy 
associated with the APB, dislocations tend to move in pairs [103,104], a superdislocation, 
similar to the extended dislocation [105]. This results in planar slip along close packed 
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{111} planes [106] and leads to a crystallographically faceted mode of crack extension 
[107-109].  
For those non-planar slip alloys, such as medium strength Al alloys, under cyclic loading 
condition, the cyclic plasticity ahead of the crack front requires activation of multiple slip 
systems, leading to a non-crystallographic mode of crack growth by crack tip blunting 
and sharpening, commonly referred to as striation growth [110], as shown in Figure 1.8 
[102]. In Figure 1.8(a), the crack under the tensile part of the load cycle generates shear 
stresses at the tip. With increasing tensile load, the crack opens up and new surface is 
created (Figure 1.8 (b)). Separation occurs by dislocations slipping out of the surface in 
slip bands ahead of the crack tip and ‘ears’ are formed at the end of the crack tip. The 
plastic deformation causes the crack to be both extended and blunted (Figure 1.8(c)). In 
the compressive part of the load cycle, the crack begins to close (Figure 1.8 (d)), and the 
shear stresses are reversed and with increasing load the crack almost closes (e). In this 
part of the cycle the new surface folds and the ears corresponding to the new striations 
are formed on the final fracture surface. A one-to-one correlation therefore exists 
between the striations and the opening and closing with ear formation.  
1.4 Key Results Obtained 
The fatigue anisotropy and failure mechanism have been studied systematically in 
continuous cast AA 5754 Al alloys with medium strength. It is found that heat treatment 
significantly improves the tensile isotropy and reduced the fatigue anisotropy in this alloy. 
The concurrent precipitation is found to be responsible for the formation of elongated 
recrystallized grains in the alloy. Some of the results from this part of the work, Fatigue 
of Continuous Cast AA5754 Al Alloy Sheet, have recently been published in Materials 
Science and Technology. 
Work on a high strength Al alloy, AA 2026, has been conducted. Some significant results 
have been obtained in characterizing the microstructure, texture and fatigue properties of 
these alloys. The paper on ‘Four-point Bend Fatigue of AA 2026 Aluminum Alloys’ has 
been published on Metallurgical and Materials Transactions A: Physical Metallurgy and 
Materials Science.  
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The effect of micro-texture on the short crack propagation is quantitatively analyzed in 
another high strength AA 2099 Al alloy by the aid of the EBSD technique. It is verified 
that the twist angle of crack plane deflection across GBs is the key factor controlling the 
short crack propagation. Based on this model, the crack path is predicted to be in the 
direction about 30º relative to the extrusion/load direction in both rolling-type and 111 
fiber type textured alloys. 
High dislocation density, strong rolling type-texture, grain refinement (fine 
unrecrystallized cell structure due to the addition of Zr), homogeneously distribution of 
the fine precipitates (which contain Al, Cu and Mn and provide additional strength by 
Orowan hardening) and solid solution are the major strengthening mechanisms for the 
superior tensile strength of the AA 2026 and AA 2099 high strength Al alloys. On the 
other hand, the major mechanisms for the superior fatigue properties of these alloys 
include low particle density (i.e., fewer crack initiation sites), rolling type-texture (i.e., 
higher resistance to micro-crack growth from the particles into the matrix due to large 
crack plane twist at the interface between the matrix and the particle), uniform 
microstructure in these alloys. More importantly, the near-common crack path, shared 
almost by all different grains in the unrecrystallized region, in the direction of about 30º 
relative to the extrusion direction, provide the torturous crack path, thereby resulting in a 
strong crack closure effect that slows down the growth rate of fatigue cracks in these 
alloys. The periodically distributed recrystallized region (about 20% in volume fraction) 
presents additional resistance to crack growth by providing larger crack plane twist 
angles and by deflecting and branching the crack path. This project has identified these 
strengthening mechanisms for the new generation high strength Al alloys under both 
static and dynamic loading. The results from this work are of direct value to the design of 
new alloys, and producers and users of high performance alloys. 
The number of surface cracks varies with the applied stress levels. Crack initiation is 
quantitatively related to a parameter, n, which is the number of the fatigue weakest-links 
that have a fracture strength of σ, by a Weibull function in a material. It can be regarded 
as one of the properties of the materials in evaluating the fatigue toughness. 
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Figure 1.1 Different phases of the fatigue life and relevant factors 
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Figure 1.3 a)Applied cyclic fatigue stress, b) crack tip, and mechanisms of fatigue crack 
closure based on c) plasticity, d) corrosion debris, and e) surface roughness [41]. 
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Figure 1.4 Crack growth rates as a function of ΔK and ΔKeff. 
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Figure 1.6 Schematic diagram showing a crystallographic mechanism for crack growth 
along slip plane 1 in grain 1 onto slip plane 2 in grain 2. 
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Figure 1.7 Coherent precipitate (a) cut by dislocations in (b) to produce new interface and 
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Figure 1.8 Schematic illustration of the formation of fatigue striations. 
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Chapter 2  
Experimental Theory and Technologies 
In order to study the fatigue properties of aluminum alloys as well as the effects of grain 
structure, particle distribution, texture and tensile property, a series of tests were done on 
one medium strength aluminum alloy (AA 5754) and two high strength aluminum alloys 
(AA 2026 and AA 2099). Based on the mechanical properties from standard tensile tests, 
fatigue tests in tension/tension and four point bend respectively were carried out to study 
the fatigue limits, crack initiation and short crack propagation behavior. In the mean time, 
the effect of humidity on fatigue properties was also studied. Scanning electron 
microscopy (SEM), transmission electron microscopy (TEM), X-ray diffraction and 
electron back-scatter diffraction (EBSD) were used to study the effect of microstructure 
and texture on the properties of the alloys and the behavior of short crack propagation.  
2.1 Tensile Tests 
The dog bone shaped tensile specimens were prepared according to ASTM [113], with a 
gage length of 25.4 mm and width of 6.35 mm, as shown in Figure 2.1. The specimens 
were cut along three directions, 0o, 45o and 90o, relative to the rolling direction, 
respectively. Tensile testing was performed on an Instron 8800 servo-hydraulic testing 
machine (Figure 2.2) at room temperature in air. Four samples were tested in each 
direction. Tensile properties are based on the average of four standard testing in each 
direction. The selection of the loading forces for the fatigue tests which will be described 
later was according to their tensile properties, especially the tensile yield strength σs.  
2.2 Fatigue Tests 
2.2.1 In Tension - Tension  
Fatigue specimens of medium strength aluminum alloy were also machined in the same 
geometry and directions as those of the tensile specimens. High cycle fatigue tests were 
conducted to measure S-N curves on an Instron 8800 servo-hydraulic testing machine at 
room temperature and a frequency of 20 Hz in air. Tension-tension loading with a stress 
ratio R = 0.1 and a sinusoidal waveform were employed in these tests. Here, the stress 
ratio R is the algebraic ratio of the two specified stress values σmin and σmax in a stress 
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cycle [112]. σmin is the minimum loading stress and σmax is the maximum loading stress. 
The maximum loading stress, σmax, was related to the tensile yield strength, σs. Since 
most of the nonferrous metals do not exhibit the horizontal portion in their S-N curves, 
which are the fatigue limits, fatigue strength rather than fatigue limit is reported for these 
types of metals. It represents the stress to which the metal can be subjected for a specified 
number of cycles. This number of cycles is the run out numbers, which were more than 3 
× 106 cycles for the fatigue tests conducted in this dissertation. 
2.2.2 In Four-point Bend  
A modified self-aligning four-point bend method was used to study the fatigue property 
as well as the crack initiation and propagation of two high strength aluminum alloys, AA 
2026 and AA 2099. High cycle fatigue tests were conducted in the extrusion direction (L) 
on both the L-T and L-S planes of the extrusion bars (Figure 2.3a). L, T and S represent 
the extrusion longitudinal, long transverse and short transverse directions respectively.  
The sample and loading geometry shown in Figure 2.3(b) has been found to have an 
important effect on the results of four-point bend tests [113]. The commonly used loading 
geometry, such as the support span / load span ratio (L/t), is either three or two, which 
does not usually give rise to a uniform stress distribution on the sample surface under 
tension in four-point bend. The non-uniform stress distribution leads to inconsistent 
results from the four-point bend tests. With these L/t ratios, a sample fails either right 
over one of the loading rods when the sample is thin or right in the middle of the sample 
when the sample is thick. The optimum test geometry (L/t of 4-5 and t/h of 1.2-1.5, where 
h is the sample thickness) for four-point bend fatigue has been established by both 
numerical and experimental work [113]. This four-point bend technique uses an optimum 
testing geometry, which gives rise to a uniform tensile stress on the sample surface 
between the two loading rollers. The nominal maximum stress σnom on the sample surface 
corresponding to Figure 2.3 (b) can be calculated by the beam theory of engineering 
mechanics, 
2
)(3
wh
tLF
nom
−
=σ                                                   (2.1) 
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Where w and h are the sample width and thickness respectively, while L and t represent 
the support span and load span, and F is the load applied by one of the two loading rollers. 
The schematic diagram of the four-point bend fatigue test was shown in Figure 2.4. The 
use of a hemisphere as the joint between the loading plate and the loading bar could 
minimize any of the mis-alignment during the test and produces consistent and 
reproducible results. 
In this work, the samples were cut along the required direction shown in Figure 2.3 (a) 
with l × w × h equal to 36.5 × 10 × 5 mm3 in size. Here, l, w, h are the sample length, 
width and thickness in Figure 2.3(b). The surfaces that were loaded in tension during the 
four-point bend test, were carefully ground using water-proof SiC polishing papers from 
grit 400 to grit 1200, mechanically polished using an alumina powder of 1 micron in size 
and finally polished using a silica colloidal liquid before fatigue tests. 
The four-point bend fatigue test rig was set up on a MTS 810 Material Test System, as 
shown in Figure 2.5 (a). Due to the fatigue properties of Al alloys being highly sensitive 
to environment, the relative humidity of the laboratory air was properly controlled during 
the fatigue tests using the experimental chamber shown in Figure 2.5(a). The chamber 
was made of plastic polycarbonate transparent sheet for the convenience to monitor the 
testing sample. Three relative humidity levels, 0%, 50%, 90%, were used in these tests to 
study their effects on the fatigue property of the testing alloys. For the lowest relative 
humidity condition, the compressed air from the lab supply pipe was introduced up-
stream into a cylinder filled with silica desiccant and reintroduced to the experiment 
chamber (Figure 2.5(b)). A hygrometer was fixed near the fatigue sample at the down-
stream of the air flow to detect the humidity in the test chamber. The lowest humidity 
used in these tests was close to 0% RH.  For the highest relative humidity condition, the 
silica desiccant in the cylinder was replaced with the distilled water. Similarly, a medium 
humidity can be obtained by reducing the quantity of the distilled water in the cylinder 
and adjusting the flow rate of the compressed air introduced into the cylinder.   
The four-point bend fatigue tests were conducted at a stress ratio (R = σmin/σmax) of 0.1, a 
sinusoidal waveform, 15 Hz and room temperature. 
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2.3 Scanning Electron Microscopy (SEM)  
Scanning electron microscopy (SEM) is the most widely-used surface imaging technique. 
A highly-focused, scanning (primary) electron beam with an energy of 0.5 - 30 keV 
passed over the surface of the specimen and generate many low energy secondary 
electrons. The intensity of these secondary electrons is largely governed by the surface 
topography of the sample. An image of the sample surface can thus be constructed by 
measuring secondary electron intensity as a function of the position of the scanning 
primary electron beam.  
In addition to low energy secondary electrons, backscattered electrons and X-rays are 
also generated by primary electron bombardment. The intensity of backscattered 
electrons can be correlated to the atomic number of the element within the sampling 
volume. Hence, some qualitative elemental information can be obtained. The analysis of 
characteristic X-rays emitted from the sample gives more quantitative elemental 
information.  
A Hitachi S-3200N Scanning Electron Microscopy (SEM) was used to study the particle 
structures and fractography of the fatigued samples. By means of X-ray energy dispersive 
spectroscopy (EDS), the particles that distributed on the sample surface were analyzed 
quantitatively. 
2.4 Transmission Electron Microscopy (TEM)  
Transmission electron microscopy (TEM) has become the most powerful tool for 
characterization of materials since it was invented in 1936 [114]. TEM operates on the 
same basic principles as the light microscope but uses an electron beam instead of light to 
form images. Compared with a light microscope, TEM uses electrons as "light source" 
and their much lower wavelength makes it possible to obtain a resolution of 0.25~0.3 nm 
which is a thousand times better than with a light microscope.  
The schematic diagram of the working principle of TEM is shown in Figure 2.6. A "light 
source" at the top of the microscope emits the electrons that travel through vacuum in the 
column of the microscope. Instead of glass lenses focusing the light in the light 
microscope, the TEM uses electromagnetic lenses to focus the electrons into a very fine 
 31
beam (<0.1μm). The electron beam then travels through the specimen under investigation. 
Depending on the density of the material present, some of the electrons are scattered and 
disappear from the beam. The unscattered electrons emerging from the exit surface of the 
specimen will create a diffraction pattern (DP) on the back focal plane. 
DP contains electrons from the whole area of the specimen that illuminated with the 
beam and it is the basis of crystallographic analysis and defect (e.g. particles) 
characterization. As particles come in all shapes and sizes, when the particle platelets 
such as thin disk-shaped precipitates, are oriented parallel to the beam, “streaks” will be 
created in the DP. The streaks run in the same directions as the normal of the planes 
where the platelets lie in and could be used to identify particles.  
However, the direct beam is often so intense that it will damage the viewing screen. 
Usually a selected aperture will be inserted above the specimen permitting only electrons 
that pass through it to hit the specimen. The operation by using a selected aperture is 
known as selected-area diffraction (SAD).   
The SAD patterns, which contain a bright central spot coming from the central 
transmitted electrons and some diffracted electrons, are used to perform the two basic 
amplitude-contrast images, bright-field (BF) image and a dark-field (DF) image 
respectively. Diffraction contrast is a special form of amplitude-contrast in which the 
scattering occurs at special Bragg angles [114]. In order to get good strong diffraction 
contrast in both BF and DF images, two-beam conditions could be used by tilting the 
specimen to get only one strongly diffracted beam.    
Another important technique in TEM is weak-beam condition which using a large value 
of s gives a small ξeff and hence a narrow image of most defects. Here, s refers to the 
excitation error or the deviation parameter which is a measure of how far the electron 
beam deviates from the exact Bragg condition, and ξeff is the effective extinction distance 
which is the characteristic length for the diffraction vector.   
Two high-resolution TEMs, JEOL 2010F and TECNAI T20 FEGTEM, were employed in 
the current study to investigate precipitates and dislocations in the studied alloys. The 
TEM samples were prepared by slicing the alloy with an IsoMet® 1000 Precision Saw to 
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about 0.5 mm thick, then mechanically grinding to less than 100 μm thick with SiC 
abrasive papers. It was punched into disks with 3 mm in diameter by an ultra sound cutter. 
The mechanical grinding was repeated again to thin the disk to less than 30 μm thick. It 
was finally electrolytically thinned with a twin jet polisher until perforation took place in 
the center of the disk. The thickness of the edge of the hole was less than 200 nm. The 
thin areas produced in the disk were examined in TEM. 
2.5 Texture Measurement 
Texture is the non-random distribution of the crystallographic orientation of grains, or, a 
phenomenon of preferred orientation of grains. When a polycrystalline metal is 
plastically deformed, the lattice orientation of individual grains is rotated toward a 
preferred orientation in which certain lattice directions are aligned with the principal 
directions of plastic flow in the metal. Orientations that are generated by a forming 
operation are not returned to a random state by recovery, recrystallization and grain 
growth etc. in the subsequent heat treatment, but are transformed into new preferred 
orientations [7]. Usually, two terms, micro-texture and macro-texture, were used to 
describe the individual orientations related to one or more grains and the statistic 
orientation distribution of the bulk material respectively. A brief introduction of the 
expressions for an orientation will be given first, and then the techniques used for the 
measurement of micro- and macro-texture in this work will be described summarily.     
2.5.1 Orientation Description  
2.5.1.1 Euler angles 
Euler angles are the three rotations about the principal axes of the crystal that will bring 
the crystal axes into coincidence with the principal axes of the sample. There are two 
most commonly used notation systems proposed by Bunge [115,116] and Roe [117], 
respectively. In Bunge’s system, the crystal axes are originally in a position parallel to the 
specimen axes with Euler angles (0, 0, 0). Then three rotations are carried out in turn  
           1st a rotate of φ1 about the crystal 001 axis 
           2nd a rotate of Ф about the crystal 100 axis 
           3rd a rotation of φ2 about the crystal 001 axis 
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Which generates the final Euler angles (φ1, Ф, φ2) presenting the orientation of the crystal 
(Figure 2.7). Generally, the Euler angles are defined in the range 0 ≤ φ1, φ2 ≤ 2π and 0 
≤Ф ≤π. Most commonly these three angles are displayed in Euler space where the 
parameters φ1, Ф, φ2 are plotted as Cartesian coordinates, and for cubic crystal Euler 
space usually has the form of a cube with axes from 0o to 90o. Euler space is the medium 
for representation of orientation distribution function, which will be introduced in 2.5.4. 
2.5.1.2 Miller indices 
Miller indices, {hkl}<uvw>, is another common orientation description, where {hkl} is 
the plane of the crystal perpendicular to the sample normal and <uvw> is the crystal 
direction aligned with the certain processing (e.g. rolling or extrusion) direction of the 
sample. The relationship between the crystallite orientation in miller index and Euler 
angles can be expressed by  
          h = sin φ2 sinФ 
          k = cos φ2 sinФ 
          l = cosФ 
u  =  cos φ1 cos φ2 - sin φ1 sin φ2 cosФ 
          v  = - cos φ1 sin φ2 - sin φ1 cos φ2 cosФ 
          w = sin φ1 sinФ 
2.5.1.3 Orientation matrix 
Orientation matrix, also known as rotation matrix, is a square matrix which allows a 
crystal direction to be expressed in terms of the specimen direction, and vice versa. It was 
given in Chapter 7 where being frequently applied in study the effect of micro-texture on 
short crack propagation.     
2.5.2 Micro-texture Measurement by EBSD 
Electron Backscatter Diffraction (EBSD) has become a powerful technique for the 
routine measurement of macro- and micro-texture. The technique is based on the use of 
diffraction patterns from bulk samples in the scanning electron microscope (SEM) [61].  
The configuration of a typical EBSD system is shown in Figure 2.8. The specimen must 
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be tilted to a relatively high angle (typically 70 °) so that the electron beam strikes it at a 
small angel, thus achieving a large fraction of electrons diffracted (backscattered) by the 
lattice planes in the specimen [60]. The diffracted electrons form a pattern constitutes a 
number of Kikuchi bands on a phosphor screen attached to a highly sensitive camera. 
Each band comprises a pair of parallel Kikuchi lines, the formation of which is illustrated 
in Figure 2.9. Backscattered electrons that satisfy Bragg’s diffraction condition 
(λ=2dsinθ) for a given plane emanate in diffraction cones from both the front and back 
surface of each family of lattice planes (only the diffraction on one plane was shown here) 
[60]. When these cones intersect with the phosphor screen, the Kikuchi lines are formed. 
The Kikuchi lines appear as almost straight lines on the screen because the cones are very 
shallow with the Bragg angle in the order of 1 degree (electron wave length λ 
approximately equals 0.008 nm for a 25 keV electron beam). Each Kikuchi band is 
effectively the trace of the family of crystal lattice planes from which it is formed. The 
resulting EBSD is made up of many Kikuchi bands and is therefore a 2-D projection of 
the crystal structure. EBSD software automatically locates the positions of individual 
Kikuchi bands, compares these to theoretical data about the relevant phase and rapidly 
calculates the 3-D crystallographic orientation. 
After the electron beam scanned across a polycrystalline sample, the crystal orientation 
will be measured at each point and the resulting map revealing the constituent grain 
morphology, orientations, and boundaries obtained. Orientation imaging microscopy 
(OIM) is the important application of EBSD, based on area scan and automatic pattern 
analysis [118]. It gives a sequence of mappings which reveal contrast in gray scale of 
colors based on precise knowledge of lattice orientation gradients in the polycrystal.  
Electron backscatter diffraction (EBSD) work in this study was carried out using a TSL 
EBSD system on Philips XL30 SEM. The crystallographic analysis and Orientation 
Imaging Microscopy (OIM) which produce high-performance EBSD mapping were 
based on the TSL software version 4.0. The raw data collected from each EBSD 
measurement were three Euler angles (ϕ1 Φ ϕ2), which has to be transformed into 
orientation matrix for further application. The details on data processing will be given in 
Chapter 7. 
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The samples for EBSD experiments were first ground consequently with 240-, 400-, 600-, 
800-, and 1200-grit SiC water proof abrasive papers. Alumina suspensions of 1.0 micron 
and 0.3 micron in size were then used to polish these samples. The final polishing was 
done using a 50 nm silica colloidal liquid for more than 30 minutes. Since this liquid has 
a pH value of 9.8, it provides a combination of chemical and mechanical polishing and 
produces an excellent surface finish for EBSD analysis. The purpose of the final 
polishing is to remove any residual damage on the surface which was introduced by the 
previous preparation. Chemical etching and electro-polishing are the other two alternative 
methods suitable for the final preparation of EBSD specimens [119].   
2.5.3 Macro-texture Measurement by X-ray Diffraction 
X-ray diffraction method uses pole figures to describe textures. The location of the 
crystallite orientation (hkl) [uvw] in the {hkl} pole figure is given by the stereographic 
projection of n  in the spatial equatorial plane, where nr r  is the unit vector normal to the 
(hkl) crystal planes and has spatial components in the (hkl) [uvw] orientation given by the 
column vector, 
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where 222 lkhm ++= , 222 wvun ++= .  
The two pole figure coordinates α and β are corresponding to the spherical coordinate of 
 on the unit sphere as shown in Figure 2.10, i.e., nr
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The definition of the spherical polar angles (α, β) is 0 ≤ α ≤ π and 0 ≤ β ≤ 2π. 
The principle of the pole figure measurement by X-ray diffraction is based on Bragg’s 
law λ=2dhklsinθ. As shown in Figure 2.11which is the back reflection method used in this 
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study, the diffracted beam is measured at an angle 2θhkl corresponding to the lattice plane 
(hkl). The normal direction to the plane (hkl), N, is the bisectrix between the incident and 
diffracted beams. A counter positioned at the angle 2θhkl thus measures a diffracted 
intensity proportional to the volume fraction of crystals fulfilling this reflection condition 
[120]. This is the pole density (of normal directions to (hkl)) in the sample direction 
which is parallel to the bisectrix. 
The schematic diagram of the pole figure measurement was shown in Figure 2.10(a) [63]. 
A special specimen holder is required which allows rotation of the specimen in its own 
plane about an axis normal to its surface (BB’) and about a horizontal axis (AA’). When 
the specimen is rotated about the axis AA’ , the axis BB’ which is the normal of the 
specimen surface rotates in a vertical plane, but CN, the diffraction plane normal remains 
fixed in a horizontal position normal to AA’. The rotation angles χ and φ are shown in 
Figure 2.10 (a). The χ  angle is zero when the sample surface is horizontal and has a 
value of 90o when the sample surface is in the vertical position shown in the drawing. In 
this position of the specimen, the diffraction plane normal N is at the center of the 
projection. The angle φ measures the amount by which the rolling direction is rotated 
away from the left end of the axis AA’ and has a value of +90o for the position illustrated. 
In texture analysis pole figure coordinates α (radial) and β (azimuthal) are more 
commonly used and the relationship between pole figure and the rotation of the specimen 
is β = φ and α = 90o-χ  [121]. The angles χ and φ are plotted on the pole figure as shown 
in Figure 2.10(b) with α =0o and β =90o. 
We can see a pole figure shows the distribution of a particular crystallographic direction 
in the assembly of grains that constitute the specimen. It is defined by the volume fraction 
dV/V of crystals having their crystal direction parallel to the sample direction (which is 
parallel to the bisectrix) [120, 122].  
βααβα ddP
V
dV
hkl sin),(=                                                (2.4) 
where sinαdαdβ is the unit area on the sample direction. P(α,β) is the pole density which 
represents the number of crystals whose crystal direction is parallel to sample direction, 
i.e., the probabilities of crystal direction shows up in the normal direction to (hkl). 
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The description of texture by pole figure is incomplete. It only provides a specific crystal 
direction without discerning the rotation of the crystals about this direction. There is no 
way of using pole figures to obtain the complete orientation of individual grains or 
volume elements. 
2.5.4 Orientation Distribution Function (ODF) 
Orientation distribution function (ODF) provides a better description of texture in three 
dimension Euler space -ϕ1, Φ, ϕ2. It is converted mathematically from the experimentally 
measured ‘pole figures’. According to its definition (equation 2.4), a pole figure is a two 
dimensional distribution function depending only on the orientation of one specific 
crystal direction. It is independent of a rotation of the crystal about this direction. If a 
special crystal coordinate system is introduced, with one of its axis perpendicular to 
the reflection lattice plane (hkl), the Euler angles may be written as . Using 
these coordinates the pole figure may easily be expressed in terms of the orientation 
distribution function 
hkl
BK
hklhklhkl
21 ,, ϕφϕ
           ∫= hklhklhklhklhkl dfP 221 ),,(2
1),( ϕϕφϕ
π
βα                                   (2.5) 
where  and  correspond to α and β respectively. hklφ hkl1ϕ
The (hkl) - pole figure is an integral over the orientation distribution function, i.e., it is a 
two dimensional projection of the three-dimensional distribution function. If several pole 
figures belonging to different lattice planes (hkl) are considered, then usually a non-linear 
coordinate transformation between the general Euler angles ϕ1, Φ, ϕ2 and the specific 
pole figures has to be taken into account. Using these general coordinates, the linear 
projection (equation 2.5) becomes non-linear, i.e., the pole figure is a projection of the 
orientation distribution along certain curvilinear paths in the orientation space. Then, the 
three dimensional distribution function f(g) could be calculated from several of its two 
dimensional projections ),( βαhklP . The series expansion method is the most often used 
mathematical technique to do the calculation.  
In the series expansion method the unknown function f (g) as well as the pole figure Phkl 
are developed into series of harmonic functions [115]:  
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The integral relation (equation 2.5) between these two functions is then expressed by a 
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The coefficients  are known from the experimentally determined pole figures by 
equation 2.7 
)(hklF nl
∫ ∗= βααβαβα ddkPhklF nlhklnl sin),(),()(                 (2.9) 
The asterisks in equation 2.8 and 2.9 indicate the complex-conjugate quantity, and 
are all harmonic functions [116]. Hence, the calculation of f(g) will follow 
the steps . 
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Most of the calculations using this method have been carried out in an approximation l ≤ 
22 and in 5o steps for the angular variables ϕ1, Φ, ϕ2 and α, β. 
In this dissertation, the macro-textures of both the medium and high strength aluminum 
alloys were determined by the Rigaku D/Max Diffraction Unit. Samples surface for 
texture measurement were 25 mm × 25 mm in size and ground consequently with 240-, 
400-, 600-, 800-grit SiC water proof abrasive papers. Three incomplete pole figures (111), 
(200) and (220) were measured up to a maximum tilt angle of 75 by the Schulz back-
reflection method using CuKα radiation. The Orientation Distribution Functions (ODFs) 
were calculated from the incomplete pole figures using the series expansion method with 
expansion to l max=16. 
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Figure 2.1 The samples for standard tensile tests and the tension-tension fatigue tests. 
 
 
 
 
Figure 2.2 The Instron 8800 servo-hydraulic testing machine used for the tensile and 
fatigue tests. 
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Figure 2.3 The samples for four-point bend fatigue (a) the orientation taken from the 
extrusion bars and (b) dimensions and test geometry. 
 
 
 
 
 
 
Figure 2.4 Schematic diagram of the four-point bend fatigue test.  
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Figure 2.5 Four-point bend fatigue test rig with humidity controlling set up at MTS 
system a) and its schematic diagram b). 
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Figure 2.6 Schematic diagram of the principle of Transmission Electron Microscope.  
 
 
 
 
Figure 2.7 Schematic diagram illustrating the three successive rotations through the Euler 
angles φ1, Ф, φ2 specify an orientation.   
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Figure 2.8 Basic layout of the components of a typical EBSD system [61].  
 
 
 
 
 
Figure 2.9 The formation of the Kikuchi diffraction patterns (from 
 http://level2.phys.strath.ac.uk/ssd/HTML/charhtml/ebsd.htm). 
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Figure 2.10 The relationship of two pole figure coordinates (α,β) and the spherical 
coordinate of  on the unit sphere. n
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Figure 2.11 The principle of pole figure measurement by X-ray diffraction 
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Figure 2.12 Schematic diagram of the texture measurement with X-ray diffraction (a) and 
the pole figure (b).  
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Chapter 3 
Fatigue Property of Medium Strength CC AA5754 Al Alloy 
In order to study the fatigue properties of medium strength Al-alloys, a series of tests was 
conducted on an AA 5754 Al-Mg alloy, which has a low tendency of planar slip due to its 
high stacking fault energy and the existence of incoherent second phase particle. This 
solution strengthening alloy is produced by continuous casting (CC), a cost-effective way 
in producing commercial sheet aluminum alloys. The chapter mainly focuses on the 
effect of texture on anisotropy of both the tensile and fatigue strengths, as well as its 
fracture mechanism in the CC alloy. The effect of heat treatment on fatigue properties of 
the alloy will also be discussed.   
3.1 Introduction 
With the development of continuous casting (CC) technique, especially twin belt 
continuous casting, some commercial sheet aluminum alloys (e.g., 3000, 5000 and 6000 
series) could be produced cost-effectively, compared to the conventional direct-chill (DC) 
ingot process [123-125]. The Al alloys produced by the CC method present significant 
cost savings (typically over 25% energy savings and 15% cost savings) and also possess 
the mechanical properties comparable to those of their DC counterparts [124].  
There are, however, still significant differences in microstructure and mechanical 
properties between CC and DC Al alloys [126]. The CC Al alloys generally contain 
coarser and more elongated constituent particles and show different recrystallization 
characteristics, in comparison to their DC counterparts [124]. For an example, a fully 
recrystallized hot band CC AA 5182 Al alloy exhibits a strong random texture and a 
coarse elongated grain structure, while a strong cube texture and finer equiaxed grains are 
typically observed in the recrystallized DC AA 5182 Al alloy. It is believed that these 
differences between the CC and DC Al alloys are likely to be caused by the relatively 
higher level of solid solution in the CC alloys and the significantly lower plastic 
deformation imparted by the CC process.  
AA5754 Al alloys are a solid solution hardened Al-Mg alloy, offering moderate strength, 
and are typically used in engineering structural applications. Their sheet products are 
 47
traditionally predominantly produced using the DC method. In recent years, they have 
been successfully produced using the twin belt continuous casting [127]. As other Al-Mg 
CC alloys, they possess the overall mechanical properties that are comparable to those of 
their DC counterparts, though there are still certain differences in microstructure (such as 
grain structure and second phase particles), texture and mechanical properties between 
them [128,129]. Work has recently been done on the DC AA 5754 Al alloys to study 
their bending [130], flow behavior [131], fatigue performance and fracture behavior 
[84,95,132,133]. However, no work has been done on the fatigue properties of 
continuous cast AA 5754 Al alloys. The fatigue properties of these alloys are not only 
important to structural design [39], but also an understanding on the fatigue mechanism 
of medium Al alloys.  
In this part of the research work, fatigue properties, including crack initiation, crack 
propagation, fatigue strength and its anisotropy, were studied in the CC 5754 Al alloy 
after different heat treatment. The effect of texture was also investigated on the fatigue 
properties in these alloys. 
3.2 Experimental Details 
3.2.1 Materials 
The material used in this work was a continuous cast AA 5754 Al-Mg alloy produced 
using a twin belt Hazlet continuous caster by Commonwealth Aluminum. During the 
continuous casting, the molten metal is directly poured into two rolling steel belts which 
are cooled by water to form a slab. The slab is then immediately fed into three 
consecutive hot rolling mills to form hot band products with 4 mm in thickness. The 
chemical composition of the alloy is given in Table 3.1. Some of the hot bands had been 
induction heated up to 465oC in the production line at a heating rate of about 116 ºC/s 
immediately after the final hot rolling mill. It was subsequently coiled and cooled slowly 
in air at a rate equivalent to that in normal furnace cooling, because the coils were large, 
over 2 meters in diameter. The rest of the as-received alloy was in the normal hot band 
condition, i.e., hot rolled products. In order to study the microstructure evolution, some of 
the induction heated samples were water quenched immediately after they reached 465oC 
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during induction annealing. Part of the hot band alloy was annealed at 400oC for 3 hours 
at a slow heating rate of 0.01oC/s, and then cooled quickly in air. 
3.2.2 Tensile and Fatigue Tests 
Tensile and fatigue tests were conducted on this alloy and both of them were tested along 
three directions, 0o, 45o and 90o, relative to the rolling direction, respectively. The details 
on specimen preparation, testing parameter selection as well as the models of the testing 
equipments were given in Chapter 2.   
3.2.3 Microstructure and Texture Analysis 
Optical microscopy and scanning electron microscopy (SEM) were used to investigate 
the microstructure and the fatigue fracture surfaces of the alloy. Samples for 
metallographic observations were sectioned parallel to the L-S (rolling/short transverse 
directions) plane. {111} {200} {220} pole figures were measured with the X-ray 
diffraction method. Based on the data from the three pole figures, the orientation 
distribution function (ODF) was calculated to quantify volume fractions of texture 
components using the method described in [134].  
3.3 Results and Discussion 
3.3.1 Microstructure  
Microstructures of hot band samples as-produced, heat treated by an induction heater and 
a furnace, and induction heated and then water quenched are respectively shown in 
Figure 3.1. The as-produced hot band exhibited a deformed grain structure which was 
elongated in the rolling direction (Figure 3.1(a)). The grain structure was also slightly 
elongated in the furnace annealed hot band (Figure 3.1(c), but the grains were much 
smaller than those in the as-produced hot band. As shown in Figure 3.1(b), after 
induction annealing, the hot band appeared to have a fully recrystallized grain structure, 
much finer, equiaxed and uniform. The grain size was about one third of that observed in 
furnace annealed samples, though the annealing temperature (465oC) was even higher 
than that (400oC) used in the furnace annealing. Fine, equiaxed and uniform grains have 
also been observed in salt bath (heating rate is about 15oC/s) annealed CC AA 5182 Al 
alloys [124]. It was likely that rapid heating gave rise to more grain nucleation sites 
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during recrystallization, thus resulting in the final grain structure being finer, more 
uniform and equiaxed grains in the alloy. The more the grains, the smaller the average 
grain size will be in an alloy. As discussed later in this paper, the fine uniform and 
equiaxed grain structure also contributed to the improved tensile isotropy of the alloy 
after induction annealing. The fact that the sample, which was induction heated and then 
water quenched, showed a partial recrystallized grain structure indicates that complete 
recrystallization occurred in coils after induction heating. 
It is interesting to notice that a coarser and elongated grain structure was observed in the 
furnace annealed sample, in contrast to the fine equiaxed and uniform gain structure in 
the in-line annealed samples. In induction annealing, the heating rate was very fast, 
116oC/s, compared to 0.01oC/s in batch annealing. The fast heating suppressed the 
recovery process and retained more stored strain energy that could drive the 
recrystallization process in the 5754 alloy. Higher driving pressure for recrystallization 
resulted in more grain nucleation, thus leading to the formation of fine and uniform grain 
structure in the sample recrystallized by induction annealing. The coarse and elongated 
grain structure observed in batch annealed sample was likely to be caused by 
precipitation taking place during heating in the furnace annealing treatment since the 
heating rate was so slow. Similar to CC AA 5182 Al alloys [124], the as-received CC AA 
5754 Al alloy hot band had a high level of solid solution (super-saturated Mn, in 
particular), due to a higher cooling rate in solidification and lack of homogenization 
treatment in the continuous cast route. This was verified by resistivity measurement 
shown in Table 3.2, 5.145×10-8 Ω⋅m for the as-received hot band, 5.086×10-8 Ω⋅m for 
induction heat treated samples and 5.052×10-8 Ω⋅m for the furnace annealed samples. 
Since the resistivity is directly related to the solid solution level in alloys, the as-received 
hot band was found to have the highest resistivity, and the furnace annealed sample had 
the least resistivity. This indicated that more precipitation, which was likely to be 
Al6(Mn,Fe) that precipitates between 370 and 510 oC, took place during the furnace 
annealing than in the induction heat treatment. Figure 3.2 shows TEM micrographs of 
fine precipitates in both batch and induction annealed samples. These precipitates were 
often hard to detect in TEM and more work needs to be done to identify them. The size of 
these precipitates was about 20 nm. Using a nano-beam technique, it was found that they 
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contained Al, Mn and Fe, hence they were possibly Al6(Mn,Fe). It is evident in Figure 
3.2(a) that the precipitates had more interaction with dislocations in the batch annealed 
sample than that (Figure 3.2(b)) in the in-line annealed sample. This may have something 
to do with the different in heating rate between the two samples. Slow heating allowed 
precipitates to pin dislocations before they could rearrange themselves in the process of 
recrystallization in batch annealed sample, whereas the precipitates were formed only in 
matrix after dislocation arrangement in the in-line annealed sample. The significant 
difference in heating rate was likely to be the main cause for the observed difference in 
the grain structure between the batch and induction annealed samples.  
It has been recognized that precipitation before and during recrystallization profoundly 
influences the recrystallization process in commercial purity Al and Al-Mn alloys [135-
138]. The concurrent precipitation promotes formation of strong cube texture component 
in commercial purity Al, strong P component ({110}〈665〉) and ND-rotated cube texture 
in Al-Mn alloys, and strong {113}〈110〉 in Al-Mg-Mn-Cr 5083 CC alloys. The grains 
formed with concurrent precipitation during recrystalization have also found to be coarse 
and elongated in the rolling direction. The concurrent precipitation at the existing high 
angle grain boundaries, which are predominantly along the rolling direction, pin these 
boundaries, making it difficult for recrystallizing grains to grow in the direction 
perpendicular to the rolling plane. As a result, the so recrystallized grains are coarse and 
elongated in the rolling direction in these alloys. Furthermore, the planar arrays of 
particles observed in the rolling direction might also have contributed to the formation of 
the elongated grains in the CC AA 5754 Al alloy. These particles provided more pinning 
force in the direction perpendicular to the rolling plane [139,140]. Therefore, grains are 
coarse and the resultant texture in the furnace annealing is different from that without the 
concurrent precipitation effect in the CC AA 5754 alloy.  
3.3.2 Texture Evolution  
The orientation distribution functions (ODFs) of the as-received hot band, batch annealed, 
induction annealed and induction heated and water quenched samples were calculated 
from the pole figures measured by XRD in the central planes of these samples, as shown 
in Figure 3.3. The volume fractions of the main texture components calculated from these 
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ODFs are listed in Table 3.3. It can be seen that the as-received hot band had a typical 
rolling texture which was composed of a strong β-fiber texture which ran from Brass 
orientation {110}〈112〉, through S orientation {132}〈643〉 to copper orientation 
{112}〈111〉 (Figure 3.3(a)). The deformation texture found in CC AA5754 hot band was 
consistent with the elongated deformation microstructure in this sample (Figure 3.1(a)). 
After annealing, a strong cube texture, about 8% in volume fraction, was developed in 
both batch and induction annealed samples (Figures 3.3(b) and (c) and Table 3.3), in 
addition to a rotated cube ({100}〈011〉) of about 3-4%, weak Goss ({110}〈001〉) and R 
component which had almost the same position as the β-fiber in Euler space [141,142]. In 
both of these two annealed samples, there was no noticeable difference in volume 
fraction of texture components. This indicated that the heating rate did not play a 
significant role in the development of texture in this alloy, though the difference in 
heating rate (116 ºC/s in the induction annealing and only 0.01 ºC/s in batch annealing) 
was enormously large between the two heat treatments. This may be due to the fact that 
the in-line annealed sample was heated from 260ºC up to 465ºC at a heating rate of 116 
ºC/s while dynamic recovery was taking place. The fast heating might not be able to 
preserve enough strain energy to make a noticeable effect on the development of 
recrystallization texture in the sample. 
 
The sample, which was taken right after induction annealing and quenched in water, still 
showed a predominant rolling texture, β-fiber of 17.05%, cube 3.65% and Goss 5.88% 
(Table 3.3 and Figure 3.3(d)). This means the annealing duration of about 10-15s at 465 
ºC was not long enough for recrystallization to take place in this sample, which was 
consistent with the mainly deformation microstructure observed in the sample (Figure 
3.1(d)). The slowly cooling after induction heating allowed completion of 
recrystallization plays in this sample. In the water quenched sample, however, there was 
an increase in cube component, from 1.6% in the as-received hot band to 3.09% (Table 
3.3). This indicated that recrystallization just started in this heat treatment, which is 
consistent with the microstructure observation that there were a small number of newly 
formed fine grains in this sample (Figure 3.1(d)). 
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3.3.3 Tensile Properties  
The anisotropy of the tensile properties, such as ultimate tensile strength σs, yield 
strength σy and elongation, is plotted in Figure 3.4. The elongation of the alloy was 
significantly improved by the induction annealing, especially those values in 0o and 90o 
directions, from 17.6% and 16.8% to 29.9% and 27% respectively. The hot band became 
more isotropic within its rolling plane in terms of its tensile properties after annealing. 
The ultimate tensile strength was 252 MPa, 237 MPa and 245 MPa in 0o, 45o and 90o 
directions in the as-received hot band respectively. After annealing, they were decreased 
to 208.6 MPa, 209 MPa and 213MPa respectively. In the meantime, the yield strength in 
these three directions were changed from 165.3 MPa, 155.6 MPa and 176 MPa to 106.9 
MPa, 110.8 MPa and 116.3 MPa, separately. The improvement of the tensile isotropy in 
the hot band CC AA 5754 alloy after induction heat treatment was partially due to the 
formation of uniform and equiaxed grain structure in this sample.  
Among the four studied conditions, the as-received hot band had the highest yield 
strength in 0o direction, 165.3 MPa, compared to 136.6 MPa for the induction annealed 
and water quenched sample, 106.9 MPa for the induction annealed and slowly cooled 
sample, and 83.4 MPa for the batch annealed sample. The tensile yield strengths were 
correlated well with the microstructures shown in Figure 3.1. The hot band with the 
deformed microstructure showed the highest tensile yield strength, while the 
recrystallized coarse grain structure of the batched annealed sample had the lowest tensile 
yield strength. Before water quenching, the in-line induction annealing process was too 
fast to complete the recrystallization process. Therefore, the microstructure was consisted 
of few recrystallized grains (Figure 3.1(d)), which understandably gave rise to a relatively 
higher tensile yield strength. In the in-line annealed and slowly cooled sample, the grain 
structure was completely recrystallized but finer compared with that of the furnace 
annealed sample. 
Compared to the tensile properties of the batch annealed sample, the induction annealed 
samples showed both higher yield strength and elongation in all three tested directions, 
whereas their ultimate tensile strength was almost same as that of the batch annealed 
samples, as shown in Figure 3.4. The yield strength and elongation of the batch annealed 
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samples were 83.4 MPa, 82 MPa, 82.7 MPa, 24.4%, 27.4% and 26%, in directions of 0º, 
45º and 90º, respectively. The significant improvement on the tensile properties of the 
induction annealed samples was likely to be due to their finer and more uniform grain 
structure. As shown in Figure 3.1, the induction annealed sample had a rather uniform 
grain size of around 40 μm, while the batch annealed sample showed quite non-uniform 
grain structure, with a size of over 110 μm in the rolling direction and 50 μm in the short 
transverse direction. Slightly higher level of solid solution in the induction annealed 
sample than that of the batch annealed samples, as indicated by resistivity measurement 
(Table 3.2) may have also contributed to the higher yield strength in the sample. Texture 
might not be a factor that contributed to the difference in tensile properties between the 
batch and induction annealed samples, as their textures were found to be almost identical, 
as shown in Table 3.3 and Figure 3.3 (b) and (c). 
The tensile properties of the CC 5754 alloy studied in this work were comparable to those 
(σy, 80 MPa min., σs, 190 MPa min., and elongation, 18% min.) reported in the DC 5754 
alloys. It is evident that the induction annealed CC alloy samples showed much better 
tensile properties than those of its DC counterpart. 
3.3.4 Fatigue Properties  
S-N curves (stress vs. numbers of cycles to failure) measured on the four conditions of 
the CC AA 5754 Al alloy are given in Figure 3.5 and Figure 3.6. The y-axis is plotted 
with maximum stress in Figure 3.5, while the ratio of maximum fatigue stress to tensile 
yield strength is employed in Figure 3.6. These two values were used to reflect the 
absolute and relative fatigue strength which was equally important in engineering design. 
Unlike most steels, aluminum alloys sometimes do not have a well defined fatigue limit. 
The fatigue limit used in this work was defined as the maximum stress at which a sample 
did not fail after 3×106 cycles. For the CC AA 5754 Al alloy, the fatigue strength was 
different in three testing directions and displayed fatigue anisotropy. The sample with the 
highest absolute fatigue strength, 182 MPa, was the as-received hot band in the 0o 
direction. This was the direction that had the highest ultimate tensile strength, 252 MPa. 
In the recrystallized condition, the 90o sample that was annealed at 465oC had the highest 
ultimate tensile strength, 213 MPa. It was also found that it was the sample that had the 
 54
highest absolute fatigue strength, 140 MPa, among all the recrystallized samples. This 
was in agreement with the relationship that the fatigue strength of many aluminum alloys 
is proportional to their ultimate tensile strength, as reported in the literature [95]. This 
was also true for the induction annealing following by water quench and the batch 
annealing samples which were only tested in 0o direction. The water quenched sample has 
an ultimate tensile strength of 236 MPa while the batch annealing one is 209 MPa. As 
shown in Figure 3.5, the water quenched sample has higher fatigue strength than the 
batch annealing sample, and the fatigue strengths for both of them are lower than the as 
received hot band which has ultimate tensile strength of 252 MPa in 0o direction. 
However, the direction with the lowest fatigue strength did not correlate well with the 
direction that had the lowest ultimate tensile strength in the alloy. 
When the relative fatigue strength was considered, we found in Figure 3.6 that it was 
increased in all the three tested directions after 465oC annealing. The direction with the 
highest relative fatigue strength is 0o relative to the rolling direction under this annealing 
condition. The relative fatigue strength was 130% after annealing which was increased 
from 110% in the as-received hot band. Among the three directions, the sample in 90o 
orientation had the largest improvement on the relative fatigue strength after 465oC 
annealing. The fatigue strength was increased from 95% of the yield strength in as-
received hot band to 120% after annealing. The sample with less change in relative 
fatigue strength is in the direction of 45o, from 110% in the as-received hot band to 115% 
in annealed condition.  
Few studies of the fatigue performance of AA 5754 Al alloys have been reported in the 
literature [132]. The results obtained from this work indicated that the CC AA 5754 Al 
alloy in an O-temper condition had a fatigue limit over 120% of its σy. This is consistent 
with those of other O-temper DC Al-Mg alloys [143]. For example, DC AA 5052 and 
AA 5083 Al alloys in an O-temper condition have fatigue limits of 120% and 110% of 
their yield strengths respectively. The fatigue behavior of a CC AA 5083 Al alloy has 
recently also been investigated [144]. The fatigue limit of the CC AA 5083 alloy, after 
homogenization, cold rolling (70% reduction) and annealing, is about 110% of its σy.  
 55
The fatigue anisotropy of this alloy was likely to be dominated by the planar arrays of 
coarse particles (mainly Al6(Fe,Mn)) aligned in the rolling direction in the alloy. These 
particles were not affected by annealing treatment. The tensile anisotropy was 
predominantly controlled by texture and grain structure in a sheet metal, and large second 
phase particles became less effective in determining the tensile anisotropy. This explains 
the improved tensile isotropy of the alloy after annealing, since the grains are uniform 
and equiaxed after anneal treatment. The fatigue properties, on the other hand, were more 
sensitive to local non-uniformity of plastic strain (strain concentration), thus they were 
predominantly controlled by the orientation and distribution of coarse second phase 
particles in the alloy. It should be understandable that the elongated particles have the 
minimum effect on the high cycle fatigue properties when parallel to the loading axis, 
whereas they have the maximum effects when aligned at either 90º or 45º relative to the 
rolling direction, as they could either cause more non-uniform plastic strain around these 
particles or fracture in these particles. This may explain the fatigue limits being relatively 
inferior in 45º and 90º in the as-received 5754 hot band, and 45º in 465oC annealed hot 
band to that in the rolling direction in this alloy. 
3.3.5 Fatigue Fractographies 
The CC AA 5754 Al alloy exhibited a fatigue fracture that was, in general, similar as that 
in DC Al-Mg alloys [132]. Like other ductile alloys, fatigue cracks were never initiated 
from large constituent particles in all the four different samples, but typically from a 
corner/edge of the specimens in all the directions, as shown in Figure 3.7(a) where beach 
marks are visible. It was an as-received hot band sample failed at 1.5×105 cycles and 
under a maximum stress of 217 MPa. The loading axis was along 45o relative to the 
rolling direction. At higher magnifications (Figures 3.7 (b) and (c)), striations were 
observed in the fatigue fracture region, while the instantaneous fracture zone showed 
dimple-type of fracture. These striations were formed as a result of non-crystallographic 
growth of the fatigue crack [145], and can provide information about the crack growth 
direction and crack growth rate. According to the two models developed by McMillan / 
Pelloux and Laird, the formation of these striations is the result of the cyclic strain 
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hardening effect at the crack tip [6]. The schematic drawing for the models are shown in 
Chapter 1. 
The reason for the initiation of fatigue cracks on the corner / edge of the specimens is the 
defects on the sample corners / edges which are less smooth compared with the hot rolled 
surfaces and the machined side surfaces of the samples which are common for the dog-
bone shape fatigue coupons. It may cause stress concentration and result in the cracks 
initiated either from the matrix or from the debonding of the coarse second phase 
particles and the matrix in case there are coarse particles located on the corner / edge of 
the specimens. For the AA 5754 Al alloy, the strengthening of the alloy mainly comes 
from the solution atoms and the matrix is so ductile that fatigue load can not transform to 
the large particles. Particles are not the weakest links in the alloy which are not likely to 
be the crack initiation point in this alloy. While for high strength Al-alloy, matrix is 
stronger and harder and not ductile enough to accommodate the large plastic strain, so 
that the load can be transform to large particles which is the crack initiated sites.     
Crystallographic cracking was also observed in the crack initiation zone in batch 
annealed (Figures 3.8(a) and (b)) and induction heated and water quenched (Figures 3.8(c) 
and (d)) samples. These crystallographic cracks may be related to certain types of texture 
in these samples, though their formation mechanism is still unclear. Intergranular fracture 
was also found in crack propagation zones on the fracture surface of the induction 
annealed, batched annealed and as-received hot band, except the induction heated and 
water quenched, samples fatigued in all three tested directions (Figures 3.9(a) and (b)). 
The intergranular fracture observed in aluminum alloys has been reported to relate to 
segregation of Na and K at grain boundaries before [146-148]. In those cases, a Na and K 
content of over 10 ppm will cause intergranular fracture. It is likely that the intergranular 
fracture observed in this work was also caused by segregation of these trace elements at 
grain boundaries during slow cooling of these samples, since all these three samples 
experienced very slow cooling after their heat treatment and no intergranular fracture was 
observed in the induction heated and water quenched samples. The brittle fracture can be 
prevented by either reducing the contents of the trace elements or fast cooling of the 
alloys after heat treatment. 
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It is also worth mentioning that the maximum stress applied to the sample (as shown in 
Figure 3.7(a)) was 140% of its yield strength. Under such a high stress level, the material 
still had a relatively large fatigue fracture zone which was about 1/5 of its total fracture 
area. This material displayed a good fatigue resistance. 
3.4 Conclusions 
1) Continuous cast AA 5754 Al alloy had fatigue strength of about 173 MPa, which was 
close to its yield strength in the as-received hot band condition. The fatigue strength of 
the induction annealed hot band was about 130 MPa, equivalent to 120% of its yield 
strength.  
2) Fast induction heat treatment improved the tensile properties and their anisotropy 
significantly, as a result of the strong cube texture and the fine and uniform grain 
structure developed after annealing in the CC AA 5754 Al alloy.  
3) In general, the fatigue limit in the rolling direction was higher than in directions of 45º 
and 90º relative to the rolling direction in both the as-received and induction annealed hot 
bands. Not the texture but the particles became more effective in determining the fatigue 
anisotropy. 
4) Fatigue fracture was predominantly plastic strain controlled in the as-received hot band, 
induction annealed and batch annealed and induction heated and quenched CC AA 5754 
Al alloys.  
5) Intergranular fracture was observed in the fatigue fracture surfaces of the as-received 
hot band, batch annealed, induction annealed and slowly cooled hot band. This was likely 
caused by segregation of trace Na and K at grain boundaries during heat treatment in this 
alloy. 
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Table 3.1 Chemical composition of continuous casting AA 5754 alloy (wt.%). 
 
Si Fe Cu Mn Mg Cr 
0.095 0.239 0.028 0.316 2.854 0.011 
 
 
Table 3.2 Electrical resistivity of the tested AA 5754 alloy in four conditions.  
 
Samples Resistivity (×10-8Ω⋅m)
As-received Hot Band 5.145 
465oC Induction Annealing 5.086 
Induction Annealing & Water Quenched 5.1 
400oC Batch Annealing 5.052 
 
 
Table 3.3 Volume fractions of the main texture components measured from the central 
plane of the CC AA 5754 Al alloys (%) 
 
Temper Cube Goss Brass S Copper R-cube
HB 1.60 4.96 21.84 28.29 12.57 0.79 
BA 400 ºC 8.56 3.64 7.65 8.45 3.33 3.05 
IA 465 ºC 8.33 3.45 6.23 7.29 3.23 4.06 
IH WQ 3.09 4.07 22.83 32.21 14.77 0.57 
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Figure 3.1 The microstructure of the continuous cast AA 5754 Al alloy hot band a) as-
produced, b) annealed at 465 ºC by induction heating, c) annealed at 400oC by batch 
annealing and d) induction heated up to 465 ºC and quenched.  
 
a) b)
c) d)
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 (a) 
100 nm 
 
 (b) 
200 nm 
 
Figure 3.2 TEM micrographs showing precipitates (containing Al, Mn and Fe) in: (a) the 
batch annealed sample and (b) in-line annealed sample. Most precipitates in (a) interact 
with dislocations. 
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(a)
 
(b)
 
Figure 3.3 (a) and (b), see caption in next page. 
 62
 
(c)
 
 
(d)
 
Figure 3.3 ODFs of CC AA 5754 Al-alloys in central planes of (a) as-received hot band, 
(b) induction annealed (465oC), (c) batch annealed (400oC) and (d) water quenched 
immediate after induction heating up to 465o C. 
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Figure 3.4 Tensile properties of the as-received hot band, induction annealed and batch 
annealed CC 5754 Al alloys. 
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Figure 3.5 S-N curves for CC 5754 Al alloy with S in maximum stress. 
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Figure 3.6 S-N curves for CC 5754 Al alloy with S in the ratio of maximum stress and 
yield strength. 
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Figure 3.7 (a) and (b), see caption in next page. 
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c) 
 
 
Figure 3.7 SEM micrographs showing the fatigue fracture surface of an as-received hot 
band CC AA 5754 Al alloy (45o direction, 217 MPa and 1.5×105 cycles). a) low 
magnification micrographs showing the crack initiation at the sample corner, fatigue zone 
and instantaneous fracture zone, b) striations in fatigue fracture zone, and c) transition 
from fatigue to instantaneous fracture.  
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(a)
 
 
(b)
 
Figure 3.8 (a) and (b), see caption in next page. 
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(c)
 
 
(d)
 
Figure 3.8 Crystallographic fracture in the crack initiation zones in (a) and (b): the batch 
annealed hot band and, (c) and (d): induction heated and water quenched 5754 Al alloys. 
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(a) 
 
 
(b) 
 
Figure 3.9 The induction heat treated sample with intergranular fracture in a) low 
magnification and b) high magnification. 
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Chapter 4  
High Cycle Fatigue Properties of AA 2026 Aluminum Alloy 
AA 2026 alloy is a high strength precipitation hardened Al-Cu-Mg alloy which is newly 
developed based on AA2024 Al alloys by optimizing its chemical composition. The 
extrusion form of this alloy shows tensile and fatigue strengths both superior to those of 
the equivalent AA2024 alloy. It is desirable to understand the strengthening mechanisms 
for tensile and fatigue properties of this alloy, with a view to developing higher 
performance alloy systems. The aim of this chapter is to characterize the microstructure, 
particles, and macro-texture, and study their effects on the high cycle fatigue properties, 
including the S-N curves, short crack initiation and propagation behaviors of the alloy. 
The self-aligned four-point bend method was used in the fatigue tests, since it offers a 
number of advantages in studying both the crack initiation and crack growth.  
4.1 Introduction 
2000 series Al-Cu alloys, especially their high Mg versions (e.g., AA2014 and AA2024 
alloys), are extensively used in aerospace applications, because of their high strength, 
primarily due to precipitation of a series of metastable Al2Cu or Al2CuMg phase 
(depending on the Cu/Mg ratio and the Si content [149,150]), high damage tolerance and 
low density. Because of the design requirements for aerospace applications, the fatigue 
properties of these alloys are critical to the design engineers. The fatigue properties, such 
as crack initiation [11,20-22], short crack growth [35,42,151,152] and closure [153], and 
the anisotropy of fatigue crack propagation [91], etc, of AA 2024 Al alloys have been 
extensively investigated. To meet the demand for stronger and tougher Al alloys and to 
further improve the safety of aeroplanes, a new Al-Mg-Cu alloy, AA 2026, was 
developed by Alcoa in 2001 [154], which is based on AA2024 Al alloys. Compared with 
its predecessor, the AA2026 alloy is purer, i.e., containing less natural impurities (Fe and 
Si), and contains small addition of Zr to inhibit recrystallization. It exhibits much higher 
tensile strength, superior fatigue performance and fracture toughness. 
The behavior of long crack growth in AA2026 Al alloys has been studied by Garratt et al. 
recently [155]. Texture has been found to have a significant effect on the long fatigue 
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crack growth behavior in this alloy. The 2026 alloy in the form of extrusion bars with a 
square cross-section has a fiber texture and offers superior resistance to long crack 
growth compared to rectangular extrusion bar of the alloy, which has texture similar to 
that of the rolled products (mainly a β fibre texture consisting of typically brass 
{110}〈112〉, S {123}〈634〉 and copper {112}〈111〉) [155]. It is believed that more 
tortuous crack path found in the square extrusion samples may account for the improved 
fatigue resistance in the square extrusion bar of this alloy. There is still a need for more 
detailed work on the high cycle fatigue properties as well as the behavior of short crack 
growth. A series of tests were conducted on the AA 2026 alloy and this chapter mainly 
deals with the effects of microstructure and macro-texture on high cycle fatigue 
properties including the fatigue strength, crack initiation and propagation. 
The four-point bend method was used in this study to measure the fatigue properties of 
AA 2026 alloy, since it offers a number of advantages in studies of both the crack 
initiation and crack growth [156,157]. However, there has not been a standard for the test 
geometry of the four-point bend fatigue experiment including the sample and loading 
geometry of the test rig. As described in Chapter 2, it has been found that the test 
geometry has an important effect on the results of four-point bend tests, and it has been 
optimized by both numerical and experimental work [113]. This test geometry, combined 
with a self-aligned four-point bend rig, which uses a hemisphere as the joint between the 
loading plate and the loading bar, produces consistent and reproducible results. In this 
work, the optimal specimen geometry and four-point bend apparatus were used to obtain 
fatigue data for AA 2026 Al alloys. 
4.2 Materials and Experimental Details 
Extrusion bars of an AA 2026 aluminum alloy were used in this study. The chemical 
composition of the alloy was shown in Table 4.1. Compared with an AA 2024 Al-alloy, 
AA 2026 had lower levels of Fe, Si and Cu, and contained a small addition of Zr to 
control the grain structure and texture in the alloy. The extrusion bars had two different 
cross-sections, square (120mm × 120mm) and rectangular (30mm × 470mm). Both of 
them were supplied in a-T3511 condition, which included solution heat-treatment, water 
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quench, stretch of 1-3% and finally natural aging. The tensile yield strength of the square 
and rectangular bars was 427 MPa and 372 MPa respectively.  
High cycle fatigue tests were conducted in the extrusion direction (L) on the L-T and L-S 
planes of the extrusion bars using a self-aligning four-point bend method. The 
experimental details for the four-point bend fatigue test were described in Chapter 2.  The 
fatigue tests were conducted at a stress ratio (R) of 0.1, a sinusoidal waveform and room 
temperature. Due to the environmental sensitivity of the fatigue properties of Al alloys, 
the air humidity of the laboratory where the fatigue tests were conducted was kept within 
the range of RH 40% - 50%. 
The surfaces that were loaded in tension during the four-point bend test, were carefully 
ground using water-proof SiC polishing papers and mechanically polished using a silica 
colloidal liquid before fatigue tests. Fatigue tests were interrupted periodically for 
observation and measurement of cracks by an optical microscope at 200 X. Scanning 
electron microscopy (SEM) and EDS were used to investigate both the fatigue fracture 
surfaces and the chemical composition of particles of the alloy.  
4.3 Results and Discussion 
4.3.1 Microstructure and Texture 
Figure 4.1 shows the microstructure of the two extrusion bars. It can be seen that the 
alloys were unrecrystallized, mainly due to the addition of Zr, which formed ZrAl3 
dispersoids that could effectively pin grain boundaries to prevent recrystallization to 
occur. The rectangular bar possessed a layered grain structure, while the square bar had a 
coarse fibril grain structure. The grain boundaries in both the extrusion bar were straight 
and highly elongated in the extrusion direction. The thickness of the layered grains was 
about 20 μm, and the diameter of the fibril grains was about 100 μm. The aspect ratios 
(L/S) of the rectangular and square bars were approximately 100 and 20 respectively.  
In this work, it appeared to be difficult to etch these AA 2026 alloys by chemical etchants 
commonly used for Al-Cu alloys. Therefore the grain boundaries were not discernable at 
a relatively high magnification in either an optical microscope or SEM. This might be 
due to the alloy composition being such that the electrolytic potentials in the substrate 
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and at grain boundaries were very close. Similar as some other Al alloys [158], this alloy 
became resistant to intergranular corrosion. As a result, the grain structure on the cross-
section perpendicular to the extrusion direction of the square bar sample was almost 
indiscernible (Figure 4.1(b)), though it could still be characterized by observation of the 
grain structures on the other two cross-sections parallel to the extrusion direction. 
The unrecrystallized grain structures in these extrusion samples were consistent with the 
texture measurements. As listed in Table 4.2, the texture of the rectangular extrusion bar 
was found to be a typical rolling texture consisting of mainly brass, copper and S 
components, while the square bar sample mainly showed a 〈111〉 fiber texture, typical of 
extruded or drawn f.c.c. metals. Since the typical rolling texture is commonly called β 
fiber texture that runs from the brass orientation, through the S orientation to the copper 
orientation in Euler space, the volume fraction of the β fiber in the rectangular bar was 
also calculated by integrating the intensities of ODF along the β fiber within about 15º of 
its central line in Euler space. 
The profound difference in the grain structure between the square and rectangular 
extrusion bars also implies that the extrusion geometry can be used to control the grain 
structure and texture in this alloy. 
In contrast to the densely distributed and relatively finer constituent particles in the rolled 
2024 alloy (Figure 4.2(a)), the particles observed in the extruded 2026 alloys were 
coarser, elongated and often grouped into bands in the extrusion direction (Figure 4.2(b)). 
These constituent particles were formed during solidification and, elongated and aligned 
with the extrusion direction during hot extrusion. The main reason for the difference in 
particle structure between the two alloys was that the plastic deformation generated by 
the extrusion was simply not large enough to break up the constituent particles into 
fragments as small as those in the rolled 2024 alloy and disperse them uniformly in the 
2026 alloy.  
In general, two types of intermetallic particles could be observed in these 2026 alloys in 
an optical microscope. One was large (10-40 μm in size), dark and irregular in shape, as 
the particles marked as “a” in Figure 4.2(b) and also shown in Figure 4.3(a); and the 
others were relatively smaller (over several microns), more spherical in shape, and grey 
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in color, as marked by “b” and “c” in Figure 4.2(b). An EDS analysis of these particles 
revealed that the large, angular shaped dark particles contained only Al, Cu, Fe and Mn 
(Figure 4.4). They were likely to be the Ω’ phase, Al20Cu6(Fe,Mn)3, as identified in other 
Al-Cu-Mg alloys (such as AA2014 and 2024) [159-161]. A similar phase, Al7Cu2(Fe,Mn), 
has also been previously reported by other researchers in 2024 as well as 7xxx series Al 
alloys [19,162]. These two types of particles are possibly the same phase, as they have 
almost the same chemical composition. As discussed later in this paper, this type of 
particles was brittle and acted as the preferred sites for crack initiation in this alloy. 
The EDS analysis also revealed that there were two other types of particles, in addition to 
the Fe-containing particles discussed above in the 2026 alloys. One was the s-phase 
(Al2CuMg) (as the particle “b” shown in Figure 4.2(b) and in Figure 4.3(b)), which was 
around several microns in size, and the other was θ phase Al2Cu which was also about 
several microns in size, as the particles “c” shown in Figure 4.2(b) and in Figure 4.3(c). It 
appeared that these particles were not related to crack initiation at all in the 2026 alloy, 
like in 2024 alloys [11,20-22]. Few Si-containing particles were observed in the 2026 
alloy, maybe due to the fact that the Si content was too low in this alloy.  
4.3.2 S-N curves 
As illustrated in Figure 4.5, S-N curves of the two extrusion bars were measured with the 
main sample surface parallel to the L-T and L-S planes respectively. It can be seen that 
this modified high strength AA2026 Al alloy achieved the fatigue strength as high as 334 
MPa, 90% of the yield strength for the rectangular extrusion and 360 MPa, 85% of the 
yield strength for the square extrusion. It was also found that the fatigue strength of the 
two tested planes, L-S and L-T, of the rectangular extrusion bar was almost identical. The 
conventional high strength Al alloys normally display a fatigue strength typically less 
than 50% of their tensile yield strength [163]. The fatigue strength of AA 2024 Al-alloy 
in T3, T351, and T4 conditions is typically about 140 MPa, which is 43-45% of their 
tensile yield strength [20,163]. For example, Figure 4.5 also shows the S-N curve 
(showing a fatigue strength of 43% yield strength) of a 2024 Alloy in T4 condition from 
Ref.157. The S-N curve of the 2024 alloy was measured also in four-point bend at room 
temperature in lab air. The fatigue strength of the 2026 alloy was about twice that of its 
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predecessor, AA2024 Al alloys. Only the medium or low strength Al alloys, especially in 
an O-temper condition, can reach fatigue strengths around 100% of their yield strength, 
since the fatigue strength normalized by yield strength tends to increase with increasing 
the ductility of an alloy. Considering that its tensile yield strength was also considerably 
high (427 MPa) and its elongation was about 15%, the improvement of the high cycle 
fatigue performance of this AA2026 alloy was truly remarkable. This makes the AA2026 
Al alloy a promising high performance aircraft alloy. A detailed understanding of the 
mechanism for the more balanced mechanical properties of the AA 2026 alloy will be of 
great value to the design and development of other alloys with the balanced mechanical 
properties. 
Possibly, fewer particles and extremely long grains in the rolling direction in these 2026 
alloys were partially responsible for the significant improvement of their fatigue strength, 
since fewer particles gave rise to fewer crack initiation sites, and longer grains presented 
less grain boundaries that lay in the direction perpendicular to the loading axis. As 
mentioned in the last section, the square bar sample had a much coarser fibril grain 
structure (about 150 μm in diameter), which might account for its fatigue strength (85% 
yield strength) being slightly lower than that (90% yield strength) of the rectangular bar 
sample, which had a layered grain structure with a grain thickness of about 20 μm. 
However, the extent of the reduction in fatigue strength was disproportional to the large 
difference in the grain size between the two types of extrusion bars. As will be discussed 
in the next section, the resistance to crack deflection at grain boundaries and triple 
junctions might be responsible for the superior fatigue behavior of the square extrusion 
bars. More aspects of the strengthening mechanism on both tensile and fatigue  properties 
of AA 2026 Al alloys were given in Chapter 5.   
4.3.3 Crack Initiation and Crack Propagation Characteristics 
It was found that cracks in the 2026 alloy were always initiated at large constituent 
particles in both the square and rectangular extrusion bars (Figure 4.6). It has been 
previously reported that these Fe-containing particles are brittle at room temperature, and 
are the preferred sites for crack initiation [38,87]. It was also found that some of the large 
angular shaped dark particles had fractured before the fatigue tests (Figure 4.3(a)). The 
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particles probably fractured during extrusion due to their poor ductility even at elevated 
temperatures. The broken particles provide excellent sites for crack initiation in the 2026 
alloy. Cracks never initiated at either S-phase or θ-phase coarse particles in these alloys. 
In 2024 alloys, in addition to crack initiation at constituent particles, other nucleation 
sites for crack initiation [11,20-22] have also been observed, such as at debonded 
Al7Cu2(Fe,Mn) phase particles, and at existing voids between two particles in a particle 
cluster, or even at grain boundaries and inside grains when a high stress level (e.g., 95% 
yield strength) was employed. Crack initiation in the precipitation depleted zone has also 
been observed in over-aged alloys. However, none of these crack initiation modes were 
observed in the 2026 alloys. 
Although nucleation of micro-cracks could take place relatively easier from Fe-
containing particles, most of these cracks could not grow into the Al substrate. Figure 
4.6(b) shows two small cracks arrested at the interface between the particle and its 
neighboring grain. The likely mechanism for the crack arrest was the large twist 
component of crack plane deflection across the interface, if the cracks grew into the Al 
substrate. Because of the brittleness of the particle, the plane of these micro-cracks was 
normally perpendicular to the load axis in the particle. In a 2000 series alloy, a crack 
preferably propagates along a slip plane within a grain mainly due to the high tendency 
for planar slip in this alloy. The preferred slip plane, i.e., the one that has a large Schmid 
factor, for a crack to follow in a grain is often oriented at an angle about 45º with the load 
axis. Therefore, a large twist angle can be expected between the micro-crack in a particle 
and the preferred slip plane in the neighboring Al substrate. Zhai, et al. have previously 
studied the geometry of short fatigue crack deflection across grain boundaries in Al-Li 
alloys (also planar slip alloys) in details with an electron back scatter diffraction (EBSD) 
technique [71]. The twist component of crack deflection has been found to be the key 
factor controlling crack growth across these grain boundaries in the Al-Li alloys. As 
illustrated in Figure 1.6 which shows the model for crack deflection at a grain boundary, 
the twist angle, α, has to be minimized for the crack to propagate through the boundary, 
since the triangle area, abc, covered by α on the boundary plane has to be fractured. The 
fracture of abc presents a significant barrier to crack growth across the boundary. The 
larger the twist angle, the higher the resistance to crack growth will be. A large α can 
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thus lead to significant retardation or even arrest of short cracks. Note that the tilt angle, β, 
and Schmid factor of a slip plane can also affect crack growth across a grain boundary to 
certain degree, since they both can affect the driving force of crack growth. α and β can 
be determined by measuring the orientation of grains 1 and 2 and matching to the crack 
path on the surface. Figure 4.7 gives an example of short crack deflection at grain 
boundaries and the measured twist and tilt angles of the crack at grain boundaries in an 
Al-Li alloy. The measured α and β at the grain boundaries involved verified that the 
crack always followed the slip plane that had the minimum twist angle with the crack 
plane in the previous grain. For detailed experiment and analysis, please see Ref.71. A 
similar model has also been previously proposed [164] that the shear ligaments caused by 
either crack plane twist at grain/phase boundaries or by coalescence of small cracks 
ahead the tip of the main crack present a toughening mechanism under unidirectional 
loading in TiAl alloys. 
According to the crystallographic model (Figure 1.6) for crack growth [71], the arrested 
cracks in particles in 2026 alloys might be caused by the lack of the slip planes that had 
small twist angles between the cracked particles and the Al substrate. The total number of 
particles in 2026 alloys was far less than those in the conventional 2024 alloys (Figure 
4.2), and the probability for a particle micro-crack to propagate into the Al substrate was 
also small since the chance for the micro-crack in a particle to have a small twist angle on 
the particle/Al interface with a slip plane in the neighboring grain was small. As a result, 
fewer crack initiation sites, i.e., fewer Fe-containing coarse particles, available in the 
2026 alloys could be the main reason for the alloys to have the high cycle fatigue strength 
superior to that of their predecessors, 2024 alloys. In this work, because of the difficulty 
in etching and electro-polishing the 2026 alloys, measurement of the twist angles 
between the retarded micro-cracks in particles and the possible slip planes in the 
neighboring grain had not been successfully conducted by EBSD. But, the above 
proposed mechanism for micro-crack retardation on grain boundaries was verified in 
another high strength Al alloy, AA 2099, which details are given in Chapter 7. 
Figure 4.8 shows the typical crack morphology and the growth rate of the crack in the 
2026 alloys. The right tip of the major crack just met another short crack. The crack 
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growth rate was calculated by measuring the crack length projected to the direction 
perpendicular to the loading axis and is plotted against the crack tip position, so that the 
growth rate in different regions of the crack can be compared. The applied stress level 
was 120% yield strength. It can be seen from Figure 4.8 that there are two types of 
characteristic crack morphologies, one is in a zigzag shape and perpendicular to the load 
axis and the other is straight and runs in a direction of about 35º to the load axis. The 
early growth of a crack was almost always perpendicular to the load axis, and the rest of 
the crack grew predominantly along 35º to the load axis. Only occasionally the 35º crack 
became a perpendicular one in some regions in these alloys. The crack growth rate of the 
perpendicular growth regions was much lower, about 10 nm/cycle, than that (38 nm/cycle) 
in the 35º growth regions (Figure 4.8(b)). During the propagation along the 35o direction, 
there are two obviously growth retardation periods which were indicated by the dashed 
arrow lines. One retardation period is corresponding to a crack path deflection on the 
sample surface. Another one is due to the effect of the particle which is happened to be 
encountered on the crack path.  
The observation of the two markedly different crack growth regions indicated that there 
were generally two types of regions where microstructures, especially precipitations, 
were distinctively different. As shown in Figure 4.9, bands of densely distributed 
particles (mainly containing Al, Cu and Mg) were observed on the fracture surface of 
both the rectangular and square bar samples. In these bands, crack growth appeared to be 
perpendicular to the load axis and non-crystallographic (i.e., the fracture surface in these 
regions had no crystallographic feature). In an Al-Li alloy, perpendicular (i.e., non-
crystallographic) crack growth has also been related to the regions containing clusters of 
Al3Zr non-shearable dispersoids [165]. The particles/precipitates found in the 
perpendicular growth regions might also be non-shearable by dislocations, thus causing 
non-crystallographic crack growth in these regions.  
Multiple crack initiation was often observed, especially when the stress level was well 
over the fatigue limit in the 2026 alloys. With increasing in the applied stress level, the 
number of the cracks initiated from the cracked particles was also increased. Sometimes, 
the close cracks tended to coalescence within particle bands to form a longer and 
propagating crack. The phenomenon of crack numbers varying with stress levels was 
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further studied in Chapter 6 and a new material property was proposed to evaluate the 
fatigue properties of an alloy.  
As discussed in the next section, in the 35º growth regions a crack was deflected at grain 
boundaries on the fracture surface, though the crack path was straight on the sample 
surface.  
4.3.4 Fractography — the Grain Shape Effect 
As discussed above, the 2026 square extrusion bar had much coarser grains (fibril in 
shape and 100 μm across) than those (layered and 20 μm in thickness) of the rectangular 
bar, which may be responsible for the slightly lower fatigue strength measured for the 
square bar samples. However, the fatigue strength (334 MPa and 360 MPa respectively) 
of the square and rectangular bars were still close, despite the grain structure of square 
bar samples was about 4 times coarser than that of the rectangular bar samples. The 
fatigue fracture topographies of the two extrusion bars were markedly different. Figure 
4.10 shows the typical fatigue fracture surface of a rectangular bar sample at low (Figure 
4.10(a)) and high (Figures 4.10(b) and (c)) magnifications. In Figure 4.10(a), regions of 
35º (marked by “A”) as well as perpendicular (marked by “B”) crack growth can be 
identified. Figures 4.10(b) and (c) are the fracture surfaces at a higher magnification in 
the regions “A” and “B” as marked in Figure 4.10(a) respectively. The white and black 
arrows in Figures 4.10(b) and (c) indicate the direction of crack growth on the sample 
surface and grain boundaries respectively. It can be seen that the crack deflected at every 
grain boundary that the crack had encountered in the rectangular sample. The grain 
boundaries were straight and very long. The grains were about 20 μm thick, consistent 
with that measured by metallographic observation as shown in Figure 4.1(a). In the 35º 
growth region (Figure 4.10(b)), fracture steps were small, whereas they were large in the 
perpendicular growth region (Figure 4.10(c)). In comparison, the perpendicular growth 
regions that contained bands of non-shearable particles/precipitates, e.g., in the crack 
initiation region, did not show the features of crystallographic fracture in these alloys 
(Figure 4.9). The formation mechanisms for the two types of perpendicular crack growth 
should be different. 
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Like other planar slip alloys (such as Ni based superalloys and Al-Li alloys [38,71]), 
these 2026 Al alloys also demonstrated predominantly crystallographic characteristics of 
crack growth, except in the regions that contained patchy distribution of non-shearable 
particles/precipitates. A crack always preferably propagated along a certain 
crystallographic plane within each grain. In Al-Li alloys, it has previously been verified 
by means of electron back scatter diffraction and acoustic microscopy that the preferred 
crystallographic plane for crack growth is a {111} slip plane [71]. Although the 
orientation of the preferred crack plane was not identified in this work, it was likely also 
to be along a {111} slip plane in 2026 alloys. Similar as in Al-Li alloys (Figure 4.11), 
formation of the parallel fracture steps on the fracture plane was to accommodate the 
twist of the crack planes at the boundary between the two neighboring grains [71]. By 
forming these steps, the total fractured area on the grain boundary was reduced from abc 
to the summation of a series of very small triangles inside abc, as shown in Figure 4.11. 
Each of these small fractured triangles became a fracture step on the fracture surface after 
the crack propagated through. The intercept lines, on the boundary plane, of the resultant 
fracture surfaces in the two grains were, therefore, approximately parallel to each other. 
The size of these steps in a grain represented the extent of the crack plane twist across the 
grain boundary (GB) that the crack had just passed [159]. The larger these steps, the 
larger the crack plane twist. The twist of the crack planes presents significant resistance 
to crack growth across the GB because the area of triangle abc has to be fractured for the 
crack to propagate through the GB. As a result, a crack always selects the slip plane that 
forms the smallest twist angle on the GB plane with the previous crack plane [71].  
In the region where the crack propagated in the direction of about 35º away from the 
loading axis, namely region “A” in Figure 4.10(a), the twist angles of crack deflection at 
GBs were very small, since the fracture steps were very fine (Figure 4.10(b)), compared 
to those in region “B” (Figure 4.10(c)). In region “B”, the fracture steps were 
predominantly large in each grain, indicating large twist components of crack plane 
deflection at each GB. It is likely that, in the rectangular extrusion bar, there were two 
distinct regions, one contained GBs with small twist angles for crack growth, namely the 
easy path for crack growth through these GBs, and the other possessed the GBs at which 
the twist angles of crack deflection were predominantly large. The existence of these two 
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different regions might indicate that there was texture clusters consisted of grains with 
special orientations in this alloy. These grain clusters could provide either predominantly 
easy path (small twist) for crack growth across GBs, or difficult path (large twist) for the 
crack growth. Further work needs to be done to verify this hypothesis. 
However, the earlier work on TiAl Alloys has indicated that the shear ligaments are not 
effective in retarding fatigue cracks, since once these ligaments are fractured by cyclic 
loading, the main crack propagates at an accelerated rate in these alloys [166,167]. In 
TiAl alloys which contain mainly two phases, γ and α2, cracks are preferentially initiated 
in the α phase. Multiple small cracks are, therefore, often initiated in separate α grains 
ahead of the main crack tip. Coalescence of these small cracks generates shear ligaments 
and becomes the main mechanism for crack growth in the TiAl alloys. The shear 
ligaments are mainly caused by multiple surface crack coalescence, while, in this work, 
the fracture steps in one grain are all originated from one grain boundary and extend all 
the way through the grain. The shear ligaments found in TiAl alloys are approximately 
perpendicular to the sample surface. They are large (around 20 μm in size) and do not 
have particular crystallographic geometry, compared to the fracture steps found in 2026 
alloys. The fracture steps are often parallel to the sample surface, much smaller in size 
and have specific crystallographic geometry (i.e., along 111 planes in f.c.c. metals). No 
evidence was found of the crack tip breaking through these fracture steps, causing 
acceleration of crack growth in 2026 and Al-Li alloys. Furthermore, as pointed out earlier 
in this paper, the crack plane twist effect played a larger role in resisting crack growth 
when the crack was small than when the crack was long. Further study needs to be 
carried out to undertand quantatively the fracture stepping effect on crack growth in 
plannar alloys. 
Figure 4.12(a) shows the typical fracture topography of a square extrusion sample; 
drastically different from that of the rectangular extrusion sample. The cracks were still 
deflected frequently, and fracture steps were also observed straight and parallel to each 
other within different regions. However, the boundaries where these fracture steps were 
originated were not well defined, unlike in the rectangular extrusion samples. This type 
of fracture behavior is likely to be related to the coarse fibril grain structure in the square 
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bar samples. As illustrated in Figure 4.12(b), assuming that the grain structure consists of 
fibril grains with a hexagonal cross-section, the grain structure on the cross-section along 
the crack path in the direction of 35º relative to the loading axis, i.e. along the plane 
parallel to the fracture plane parallel lines ab and bc in Figure 4.12(b), would appear as 
shown in Figure 4.12(c). The grains on this cross-section are elongated in the direction of 
crack growth, which resembles, to certain degree, the fracture topography in terms of the 
orientation, shape and size of fracture elements in Figure 4.12(a). This indicates that the 
grain structure played a significant role in crack growth in this alloy, since different grain 
structures resulted in different fatigue fracture topographies. 
If each region where fracture steps were parallel is assumed to be equivalent to one grain 
in the square extrusion, the diameter of the fibril grains in this alloy can then be estimated 
to be 125 μm from the fracture topography in Figure 4.12(a). This value is similar as that 
(about 100 μm) measured from the optical micrograph (Figure 4.1(b)) of this alloy. 
However, within grains the crack plane was often not flat, which was possibly caused by 
crack deflection inside these grains due to the existence of multiple grain boundaries 
around them. Figure 4.13 is an example of the crack deflections at a GB triple junction 
and inside grains. These interior and multiple crack deflections could increase the 
resistance to crack growth, which might partially account for the excellent high cycle 
fatigue strength of the square bar samples (though it was still slightly lower than that of 
the rectangular bar), and its slower crack growth rate than that of the rectangular 
extrusion, as reported in Ref.155, despite of the fact that the square bar had a much 
coarser grain structure. 
4.4 Conclusions 
1) Fatigue cracks were predominantly initiated at Fe-containing particles on the surface 
in these 2026 alloys. 
2) These alloys possessed superior high cycle fatigue properties over AA 2024 Al alloys. 
The fatigue limit was 85% its yield strength for the square extrusion and 90% yield 
strength for the rectangular extrusion of the 2026 alloy. The smaller number of Fe-
containing constituent particles partially accounted for the superior high cycle fatigue 
properties of the 2026 alloys. 
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3) Crack growth was predominantly crystallographic in the direction of about 35º 
relative to the loading axis, but occasionally non-crystallographic in some regions in 
these alloys. 
4) Crack planes were deflected by predominantly small twist across grain boundaries in 
the crystallographic growth region, and by large twist in the non-crystallographic 
growth region in the rectangular extrusion. 
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Table 4.1 Chemical composition of the AA 2026 and AA 2024 Al alloy (wt %) 
 Si Fe Cu Mn Mg Zn Ti Zr 
AA2026 0.03 0.038 3.95 0.59 1.32 0.013 0.013 0.11 
AA2024 0.5 0.5 4.3 0.5 1.5 0.25 - - 
 
 
Table 4.2 Texture component of both extrusions (%) 
 <111> fiber Brass S Copper β
Square Bar 28.8% / / / / 
Rectangular Bar / 6.0 7.3 2.8 29.0 
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Figure 4.1 Optical micrographs of grain structures of a) rectangular and b) square 
extrusion bars. 
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Figure 4.2 Optical micrographs showing a) densely populated coarse particles in an 
AA 2024 alloy, b) less densely populated coarse particles in the AA 2026 alloy. 
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Figure 4.3 SEM micrographs showing the constituent particles in Figure 4.2(b), (a) 
particle “a”, fractured, (b) particle “b”, and (c) particle “c”. 
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Figure 4.4 EDS spectrum of the large angular-shaped particle shown in Figure 4.3(a), 
indicating that the particle contains mainly Al, Cu, Fe and Mn. 
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Figure 4.5 S-N curves of 2026 and 2024 alloys which are plotted as (a) the maximum 
stress vs. number (N) of cycles to failure and (b) the maximum stress normalized by the 
yield strength vs. N, respectively (* The S-N curve of the 2024 alloy [159], was measured 
under a similar fatigue testing condition as used in the 2026 alloys). 
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Figure 4.6 Crack initiation from coarse particles in a) square bar, stress level 100% σy, 
1.5x105 cycles and b) rectangular bar, stress level 100% σy, 1.7x106 cycles. 
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(a)  (b) 
Figure 4.7 a) Crack deflection at grain boundaries in an Al-Li 8090 alloy [71] and  
b) measured by EBSD at each grain boundaries in a). 
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Figure 4.8 The growth rate of a short fatigue crack in the L-T direction of the rectangular 
extrusion sample. Stress level 120% σy. 
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Figure 4.9 SEM micrograph showing fracture surface of crystallographic and non-
crystallographic (indicated by arrows) crack growth in the square extrusion sample. 
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Figure 4.10 (a) and (b), see caption in next page. 
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Figure 4.10 Fractography of the rectangular extrusion sample. a) at a low magnification, 
b) Crystallographic crack growth region from region “A” in a), and c) Non-
crystallographic crack growth region from region “B” in a). Stress level: 108% σy at 
2.5x105 cycles (white and black arrows in b) and c) indicate the crack growth direction 
and grain boundaries respectively). 
 
 
grain 1 
grain 2
grain 
boundary
crack growth 
direction 
slip/crack 
plane Slip/crack 
plane 
fracture 
steps 
fracture 
surface 
g
c
a
b
S
α 
L
T
Figure 4.11 A mechanism for the formation of steps on the fracture surface of planar slip 
alloys [71]. 
 96
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.12 (a) Fracture surface of a square extrusion sample, (b) schematic diagram of 
the fibril grain structure (with a uniform grain size) in the sample, and (c) schematic 
diagram of the grain structure on the cross-section along the crack path in the direction of 
35º relative to the extrusion direction. 
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Figure 4.13 Crack deflections at a grain boundary triple junction and inside grains in the 
square extrusion sample. 
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Chapter 5  
Characterization of the AA 2026 and AA 2099 Al alloys 
Initially, the AA 2026 Al alloy was planned for use in the study of the effect of micro-
texture on the behavior of fatigue crack growth in high strength Al alloys using EBSD. 
However, it was found that this alloy could not be prepared well enough for EBSD 
experiments by either the commonly used silica colloidal polishing or electrolytic 
polishing. Even the grain structure in the alloy could not be revealed for high 
magnification observation (e.g., 100×-400×) by any of the commonly used chemical 
enchants for Al alloys. Therefore, another high strength Al alloy, AA 2099, was 
employed as a subsidiary in this work to complete the study, since the microstructure, 
texture, mechanical properties and more importantly crack growth behavior of this alloy 
were all similar as those of the 2026 Al alloy. Before studying the growth behavior of 
short fatigue cracks, the microstructure and texture were first characterized, and the 
strengthening mechanisms for both tensile and fatigue properties were investigated in 
these alloys, which are the main focus in this chapter.  
5.1 Introduction  
The two high strength Al alloys, AA 2026 and AA 2099, which were used in this thesis 
were both newly developed and have excellent high cycle fatigue strength proportional to 
their superior tensile strengths. The development of high performance alloys was 
attributed to the thoroughly understanding of the strengthening mechanisms for both the 
unidirectional fracture strength and the fatigue-strength corresponding to the cyclic 
deformation. Early studies showed that, while the fatigue limit for pure metal is equal to 
the resolved shear stress τ where thermally activated cross-slip stars [168], it becomes 
much smaller than τ in alloys [169]. This means the low amplitude fatigue-strength of 
pure metal does not increase with the addition of alloying elements in proportion to their 
unidirectional fracture strength. Neumann has explained this disappointing behavior in a 
model [170] which relates fatigue crack nucleation and propagation to the coarseness or 
inhomogeneous of slip. If slip is finely distributed, it will not easily lead to fatigue failure, 
due to the blunted crack tips formed by the uniformly distributed slip. The model is 
confirmed by the studies of Sanders et al. [171,172] in binary Al-Li alloys which showed 
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that problems of low ductility and toughness could be traced to inhomogeneous slip and 
strain localization, resulting from coherent δ’ (Al3Li) particle hardening in the matrix, 
nucleation and growth of grain boundary δ (AlLi) precipitations and the formation of δ’- 
precipitation free zones (PFZs). 
Kung et al. also observed that the small cracks only occurred in the grains that did not 
have fine slip lines, i.e., had coarse slip bands [19]. While the formation of precipitates 
may greatly strengthen an alloy [106,149,150,160,173,174] by limiting the movement of 
dislocations, it may also cause the coarser slip due to the inhomogeneous distribution of 
precipitates. Therefore, it is understandable that the fatigue endurance strengths of the 
commercial high strength Al alloys are typically 40-50% of the tensile yield strengths. 
Stretching of several percents before aging can lead to further improvements of the 
fatigue strength by introducing the homogeneous distribution of precipitates 
[163,175,176].  
It has also been recognized that the undissolved intermetallic constituent particles (rich in 
Cu, Fe, and Mg) can influence HCF strength, as they are the preferred nucleation sites for 
micro-cracks [177,178]. Progress has been made in improving the tensile strength of an 
alloy with as small as possible compromising to their fatigue strength. The two high 
strength Al alloys, AA 2026 and AA 2099, studied in this work, are good examples of 
this advance in high performance alloy development. Their fatigue strengths are 
enhanced to as high as 85% and 95% their tensile yield strength respectively (0% relative 
humidity for AA 2099 alloy), while their tensile strengths are significantly increased over 
those of the traditional Al-Cu and Al-Li alloys respectively. Several measures are taken 
in the production of these alloys to improve the balance of their strength and toughness, 
such as reducing natural impurities (Fe and Si), small addition of Zr to inhibit 
recrystallization and grain growth, and the use of non-traditional procedure of 
thermomechanical treatments, etc.. It is the purpose of this part of the work to investigate 
the strengthening mechanisms of these two alloys as well as the characteristics of their 
microstructure, fracture and short crack growth behavior, etc.  
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5.2 Experimental Details 
5.2.1 Materials 
The materials used in this study were hot extruded bars of AA 2026 and AA 2099 Al 
alloys. The AA 2026 Al alloy had two different extrusion cross-sections, square and 
rectangular, while the AA 2099 Al alloy had only a rectangular cross-section. The AA 
2026 Al alloy was an modified high purity version of AA 2024 alloy [154], while the AA 
2099 is a new generation Al-Li alloy (formerly C460) recently registered by Alcoa. The 
chemical compositions of both alloys are shown in Table 5.1. Both alloys contained low 
impurity contents of less than 0.05% Si and less than 0.07% Fe. The as-received 
condition of the AA 2026 Al alloy was a T3511 temper which includes solution heat 
treatment at 920 oF, then water quench, followed by stretching of 1% to 3% and naturally 
aging. The AA 2099 Al alloy was in a T8E67 temper which detail is still commercial-in 
confidential and has not been released by its manufacture, Alcoa Inc. The tensile yield 
strength of the AA 2099 Al alloy in the T8E67 temper was 474MPa.  
5.2.2 Fatigue Tests 
Fatigue tests were performed in the four point bend. Details of the test rig and sample 
preparation are described in Chapter 2. High cycle fatigue tests were conducted in the 
extrusion direction (L) on both the L-T and L-S planes of the extrusion bars of both 
alloys. All fatigue tests were conducted at a stress ratio (R = σmin /σmax) of 0.1, a 
frequency of 15 Hz, and in lab air with medium humidity (measured 40~50%RH) for 
both alloys.   
5.2.3 Microstructure Characterization 
Microstructures of AA 2026 and AA 2099 Al alloys were investigated via optical 
microscope, SEM and TEM. The specimens for optical microscope observation were 
prepared in the same way as used to prepare the samples for four-point bend fatigue tests. 
Compared with the AA 2024 Al alloy, the AA 2026 Al alloy appeared to be almost 
impossible to be etched using the etchants commonly used for Al-Cu alloys, while the 
modified Keller’s reagent (2ml HF - 3ml HCl - 20ml HNO3 - 175ml H2O ) worked well 
for the AA 2099 alloy. Optical photographs were taken at 200× or 500× magnification. 
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Micrographs of the fracture surface were taken with a Hitachi 3200 SEM. The samples 
for TEM observation were taken from the L-S surface of the fatigue specimen, with L 
and S parallel to the extrusion direction and the short transverse direction of the fatigue 
specimen respectively. The details about the TEM sample preparation is described in 
Chapter 2. A high-resolution electron microscope (JEOL 2010 F) was used for studing 
the 2026 alloy with an accelerating voltage 200 kV. Philips TECHNAI T20 TEM was 
used to study the AA 2099 alloy. 
5.3 Results and Discussion 
5.3.1 Strengthening Mechanisms of the Tensile Strength 
5.3.1.1 AA 2026 Al alloy 
Multi-level precipitation strengthening 
Precipitation hardening in Al-Cu-Mg alloys (Cu/Mg ratio in wt% about 2) has been 
extensively studied [149,150,160,173,174]. The typical precipitation sequence was 
typically as follows: α (supersaturated solid solution) → Cu/Mg clusters (GPB zones) → 
S” → S’ → S (Al2CuMg) in these alloys. In the AA 2026 Al alloy which has a Cu/Mg 
ratio more than 2.5, this precipitation procedure did not occur in full in natural aging 
treatment, in which only GPB zones (clustering of solutes containing both Cu and Mg) 
were formed and significantly contributed to the hardening of the alloy at room 
temperature due to coherent precipitation hardening [179,180]. These GPB zones were 
hard to observe in TEM. In addition to the GPB zones, other types of intermetallic 
particles/precipitations were also observed, providing further strengthening in this alloy. 
In general, they had four different sizes ranges, 10μm, 1μm, 0.1μm and 0.01μm 
respectively. Figure 5.1(a) shows the optical micrograph of the banded coarse particles of 
about 10μm or larger in size. At high magnifications shown in Figure 5.2(a), the second 
phase particles of 1μm and 0.1μm in size were observed. Clustering of the second phase 
particles was seldom observed. The majority of the particles were found inside grains, 
though few large particles were also found on grain boundaries. Most of the second-phase 
particles, as arrowed and marked with “1” in Figure 5.2(a), were manganese-containing 
dispersoids, which were identified by the energy dispersive spectrum (EDS) (Figure 5.2 
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(b)). These particles, large or small, were probably Al20Cu2Mn3, commonly formed 
during homogenization after ingot casting in Al alloys [154,181-183]. They were 
incoherent with the Al matrix. The dense distributed Cu and Mn-bearing dispersoids in 
the 2026 alloy were likely to be formed during a well controlled solution treatment, 
instead of the traditional homogenization treatment which results in the formation of 
much coarse particles [183]. The solution treatment of AA 2026 Al alloy was carried out 
by slowly heating the ingot over more than 9 hours to a temperature between about 855o 
to 880oF and maintained for about 18 hours, followed by air cooling to room temperature 
[154]. These densely and homogeneously distributed dispersoids (typically around 0.1μm 
in size) could provide extra strength by the Orowan hardening in which dislocations have 
to move around these particles, leaving dislocation loops around them. They can also 
inhibit recrystallization effectively by pinning grain boundaries. 
Another type of second phase particles observed in this alloy were the iron-rich 
intermetallics Al7Cu2(Fe,Mn), around 1μm in size, as arrowed and marked with “2” in 
Figure 5.2(a). It has also been found in AA 2524 Al-Cu-Mg alloy [184]. The EDS profile 
for type “2” particles is given in Figure 5.2(c). As discussed in chapter 4, these particles, 
especially those 10 μm or larger in size, on the sample surface were the preferred sites for 
short fatigue crack initiation. In the mean time, precipitation free zones (PFZs) were 
found along the grain boundaries and around the coarse particles, which might be related 
to the formation of GB precipitates. Based on an analytic model for the stress shielding of 
intermetallic particles, it was suggested that the PFZ could desensitize the material to the 
breaking of particles [185]. Thus PFZs around particles can be beneficial to damage 
tolerance.   
It was also found that there was Cu segregation at grain boundaries in the 2026 alloy. As 
shown in Figure 5.3(a), EDS line scan was conducted along the red line in area “II”. A 
Cu peak was found across the grain boundary, while other elements remained almost 
constant across the boundary (Figure 5.3(d)). EDS line scans were also carried out across 
the line contrast inside grains, indicating that no element segregation occurred. For an 
example, scanning line is shown in area “I” in Figure 5.3(a) and its corresponding EDS 
result is given in Figure 5.3(b) showing no significant change in Mg and Cu contents 
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along the line. The observed Cu segregation at grain boundaries was likely to take place 
in the solution heat treatment of the alloy, and was possibly responsible for the difficulty 
in etching this alloy, as mentioned in earlier in this Chapter.  
Dislocation strengthening 
In addition to the precipitation strengthening, dislocations were another important source 
for strengthening in this alloy. Figure 5.4(a) shows the central weak beam dark field 
image showing spiral dislocations and dislocation loops in the AA 2026 alloy.  
Heterogeneous precipitation on dislocations is evident that wavy or discontinuous 
contrast is visible on the dislocation lines in Figure 5.4 (a) and Figure 5.5. Spiral 
dislocations were all pinned by tiny precipitations. These precipitations were identified 
by EDS as Cu-containing phase, probably θ - phase Al2Cu, see Figure 5.4(b).         
It was believed that the formation of spiral dislocations in AA 2026 Al alloy was related 
to the hot extrusion process. As the first step of the extrusion process, the small billets, 
which were cut from the ingot, should be reheated to the desired extrusion temperature, 
which was usually carried out by the rapid induction heating. As a consequence, 
supersaturated thermal vacancies were created by the rapid heating which gives rise to 
the driving force for the generation of vacancies [101,186]. The spiral configuration of 
the dislocations was then formed by the climb of screw dislocations as a result of vacancy 
absorption [187,188]. There was a different mechanism for the formation of the 
dislocation loop which was described in the dislocation bowing model proposed by 
Orowan [189]. For a large enough particle spacing, the dislocation may pass between two 
particles and leave dislocation loops around the particles which work harden the material.    
Another important strengthening mechanism related to dislocations is the utilization of 
cold deformation prior to aging in this alloy. The stretching promoted uniform 
distribution of precipitates since the so-generated dislocations provided nucleation sites 
for precipitates in the alloy. Like the T3511 temper of the AA 2026 Al alloy, which has a 
1~3% stretching before nature ageing, the dislocations generated by the deformation were 
“locked” by the nucleus of the precipitating phase, they can not annihilate so easy and the 
work hardening due to the deformation can be preserved to some extent [149]. That is to 
say, the precipitates on dislocations have a complex effect: retain the work hardening 
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effect and cause considerable precipitation strengthening. Figure 5.5 shows the pinned 
dislocations at locations marked by arrows in the AA 2026 alloy. It can be seen that a 
dislocation is bowing out between the pinning points. As discussed earlier in this Chapter, 
these pinning precipitated could not be identified in this work, though they might be more 
likely to be any of Al20Cu2Mn3 and Al3Zr or both since GB zones should be even smaller 
than those in Figure 5.5. According to Lücke [190], the oscillation of free dislocation 
lengths between pinning points is contributed to the major part of the internal friction of 
moving dislocations in metals which offers a resistance to dislocation movement, as a 
consequence, the material is strengthened.   
The dislocations generated both, by stretching and, by hot extrusion and retained by 
precipitation-pinning, contributed to the enhanced strength by increased dislocation 
density in the alloy.    
Strain and grain refinement strengthening  
The studied AA 2026 Al alloy was predominantly unrecrystallized mainly because of the 
addition of Zr and Mn, dispersoid forming elements, coupled with the well controlled 
solution treatment described previously. There was about 20 vol.% recrystallized region 
where grains were fine and equiaxes in the alloy, as shown in Figure 4.1. The 
unrecrystallized region retained the deformation microstructure, i.e., elongated grain 
structure and deformation-texture as will be discussed later in this Chapter, further 
strengthening the alloy by refine subgrain structure. Since recrystallization was strongly 
suppressed, a fine subgrain structure was developed in this alloy, as shown in Figure 5.6. 
Subgrain boundaries, the barrier for the moving of dislocations, provide a strengthening 
effect to the alloy by the Hall-Petch relation σlys = σo +kd-1/2, where σlys is the lower yield 
stress, σo and k are constants, and d is the average grain diameter. Although the average 
thickness of the layered and fibril grains in the unrecrystallized region was around 20 μm 
and 100 μm in the rectangular and square bar 2026 alloys respectively, the subgrains had 
an average size of just about 3 μm, compared to the grain size of about 10 μm in the 
typical recrystallized Al alloys.   
Texture  
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The ODFs and pole figures of the AA 2026 Al alloy rectangular and square extrusions 
are shown, respectively, in Figure 5.7 (a) and (b). The rectangular extrusion displays a 
strong deformation texture consisting of the typical rolling texture components, as listed 
in Table 5.2. The volume fraction of recrystallization texture was less than 3%, including 
the cube, R-cube and Goss components, while the deformation texture was about 44% 
including mainly Brass, S and Copper components. It is known that the rolling type 
texture orientations present orientation hardening since they have relatively lower Schmid 
factors than those of the recrystallized orientations. In order to minimize recrystallization 
taking place, the extrusion procedure had to be controlled strictly under the optimum 
combination of speed and temperature which was determined empirically [191], in 
addition to the addition of Zr which inhibited significantly recrystallization in the 2026 
alloys. The square extrusion displays a <111> fiber texture of more than 28% in volume 
fraction. This 〈111〉 orientation also provided an orientation hardening due to its Schmid 
factor being lower than that of the typical recrystallized orientations.  
5.3.1.2 AA 2099 Al alloy 
Precipitation strengthening 
Like other commercial Al-Li-Cu-Mg alloys, the main strengthening mechanism for AA 
2099 alloy was precipitation strengthening in which two different types of precipitates, δ’ 
and S’, were involved [192]. one precipitation process involved Li: 
Li in Al-rich phase → δ’ → δ   
where δ’ is an L12 ordered phase (Al3Li), fully coherent with the Al matrix on {100} 
plane, and δ is the equilibrium Al-Li phase (AlLi, b.c.c. structure), which is formed 
mainly at grain boundaries. The second precipitation process involved Cu and Mg, the 
sequence of which is described in §5.3.1.1. In addition, since the AA 2099 alloy also 
contained Zn and Mg, there might be another precipitation process taking place, like in 
the other Al-Zn-Mg (Cu) alloys [173,193]: 
α (supersaturated solid solution) →spherical Guinier-Preston (GP) zones→plate-like η’ 
transition phase → lath shaped η (MgZn2) equilibrium phase.  
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Another feature for the AA 2099 alloy was the addition of a small amount of Zr. The role 
of Zr was essentially to inhibit the recrystallization through the precipitation of fine 
spherical and coherent β’ (Al3Zr) particles [194-198]. The addition of Zr promoted the 
decomposition of the supersaturated solid solution of Al, leading to the formation of the 
metastable L12 Al3Zr phase. The Al3Zr particles were the most effective in pinning grain 
and subgrain boundaries and even the dislocations during thermal and mechanical 
processing.     
A dark-field TEM image of the 2099 Al-Cu-Mg-Li alloy is shown in Figure 5.8(a) 
showing homogeneously and dispersedly distributed partially coherent lathe-shape 
precipitates S’ (Al2CuMg) and the spherical δ’ (Al3Li) precipitates. The corresponding 
selected area diffraction pattern (SADP) was shown in Figure 5.8(b) where streaks from 
the lathe-shaped S’ precipitates and the super-lattices at 100 and 110 positions (from δ’ 
precipitates) are all visible since S’ is semi-coherent on {100} planes and δ’ is coherent 
on {100} planes with the Al matrix. It was believed that the addition of Zr could also 
promote uniform distribution of precipitates, even when the Zr addition was as less as 
0.03 wt% [199,200]. Because the coherent strain field of Al3Zr particles produced in the 
matrix, they provided favorable sites for precipitates, like δ’ and S’, to form. And the 
Al3Zr particles could stabilize the sub-grain boundaries and dislocations which were also 
the preferential nucleation sites for precipitates. As a result, the more dispersed the 
precipitates were, the higher the alloy strength was.  
The bright field TEM image of AA 2099 Al alloy near one of its grain boundaries is 
shown in Figure 5.9. The inset shows the dark field TEM image of the GB area at a high 
magnification, showing an S’ precipitation free zone (PFZ) about 50 nm in width at the 
GB, but no δ’ PFZ in this area. PFZs can form around larger precipitates as a result of 
solute depletion caused by the solute atoms diffusing towards the precipitates along the 
high diffusivity pathways (interfaces, defects), or by vacancy depletion due to vacancy 
annihilation at the interfaces and defects [185]. Usually, only δ’ PFZ was observed 
around high angle grain boundaries in Al-Li-Cu-Mg alloy and it is thought that PFZs 
form as a result of the lithium depletion in the zones, caused by diffusion of lithium to the 
grain boundaries [201-203]. There were slightly coarser precipitates, probably S phase 
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since there was no δ’ PFZ in this area, formed at the grain boundary. The presence of 
grain boundary precipitates and a soft PFZ adjacent to grain boundaries always facilitates 
intergranular fracture in most of the aluminum alloys. In particular, the size and spacing 
of grain boundary precipitates determined the fracture behavior [204]. However, there 
was no intergranular fracture observed in the fatigue fractured AA 2099 alloy. It seems 
that the grain boundary precipitation and PFZs did not cause intergranular fatigue fracture 
in this alloy.   
Dislocation strengthening 
Figure 5.10 shows the dislocation structure and precipitates in the AA 2099 Al alloy. 
Unlike Al-Cu-Mg alloys, e.g. the AA 2026 Al alloy, in which the heterogeneous 
nucleation took place on the dislocation loops and helices which were present at a high 
density, there were few dislocation loops and helices observed in AA 2099 alloy. In Li-
containing alloys, the Li atom to vacancy binding was very strong [205,206]. The 
Li/vacancy binding energy, 0.25-0.26 eV, was high enough to allow Li atoms to trap 
vacancies during the quenching and to prevent loop formation [205]. As shown in Figure 
5.10, the dark spherical δ’ precipitates were uniformly distributed in the matrix of AA 
2099 Al alloy, while a large amount of coarse second-phases (rod-like and plate-like S’) 
precipitated on the dislocations (see the inset of high magnification DF image). Just as 
studied by V. Radmilovic and co-workers [207], nucleation on matrix dislocations (e.g. 
subgrain boundary dislocations) was one of the main nucleation mechanisms of S’ phase.   
Strain & grain refine strengthening  
The grain structures for the AA 2099 alloy rectangular extrusion are shown in Figure 
5.11. Similar to the microstructure of the rectangular extrusion of the AA 2026 alloy 
shown in Chapter 4, the AA 2099 alloy also had an unrecrystallized and layered grain 
structure. The grain boundaries were straight and highly elongated in the extrusion 
direction. As shown on the L-S and T-S planes, most of the layered grains had the 
thickness around 20 μm. Among the layered grains there were partial recrystallized 
grains forming along the extrusion direction, shown with the attached micrograph at high 
magnification in Figure 5.11. These grains were non-uniform in both shape and size. 
Some of them were almost equiaxed with a diameter of 5~10 μm, and the others were 
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elongated with an aspect ratio of 6~10. The regions with partial recrystallized grains 
covered about 20% of the observed area. The subgrains in this alloy, as shown in Figure 
5.6(b), were about 3 microns in size and developed as a result of recovery during hot 
extrusion. By the similar mechanism described in §5.3.1.1 for the AA 2026 Al alloy, the 
alloy could also be significantly strengthened by this grain refinement as well as a high 
dislocation density generated by the stretching before aging and by hot extrusion and 
retained by precipitate pinning during hot extrusion.   
Texture 
Although having been hot extruded and solution heat treated, the studied AA 2099 Al 
alloy still showed a strong deformation texture, partially due to the addition of Zr, as 
shown in Figure 5.7(c), similar to that found in the rectangular extrusion of AA 2026 Al 
alloy. The extrusion process of AA 2099 Al alloy should has been carefully controlled as 
well in order to build up the strengthening deformation texture, which has a volume 
fraction of 35.6% (components listed in Table 5.2). The volume fraction of the 
recrystallization texture was only 2.9% which is much less than the observed result from 
the microstructure of L-S plane shown in Figure 5.11, in which the partial recrystallized 
region covered about 20% of observed area. The discrepancy was due to that the 
recrystallized regions also contained high percentage of randomly oriented grains which 
could not be distinguished in the texture measurement by X-ray diffraction. Although the 
recrystallized grains formed a relatively smaller amount, they played a key role in 
enhancing the fatigue properties of the studied high strength Al alloys since they often 
provided larger twist angles of fatigue crack deflection, as will be discussed later in this 
Chapter.    
The superior tensile strengths of the AA2026 and 2099 alloys were, therefore, attributed 
to a combination of the strengthening techniques discussed above. 
5.3.2 Strengthening Mechanisms of the Fatigue Strength  
As discussed previously in the introduction of this chapter, fatigue strength is controlled 
by fatigue crack nucleation and propagation, essentially, both of which are related to the 
slip of dislocations [170]. Any techniques that could strengthen the fatigue properties of 
the alloy have to be able to promote a microstructure as fine and homogeneous as 
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possible so that slip can be homogeneous and uniform all over the alloy. In the two high 
strength Al alloys studied in this work, the major strengthening of the fatigue properties 
comes from the homogeneously distribution of the fine precipitates which is attributed to 
the well controlled solution heat treatment as well as the addition of Mn and Zr elements. 
In the mean time, several other common methods also contribute to the strengthening of 
the fatigue strength. 
Reduced number of potential crack initiation sites 
As the crack initiation stage takes about 80% of the total fatigue life of a component, 
decreasing the number of the potential crack initiation sites should be an effective method 
to improve the fatigue properties of an alloy. In the two studied alloys, the amounts of the 
impurity elements, Si and Fe, were restricted to very low levels, as listed Table 5.1, 
which resulted in fewer number of iron and silicon containing particle such as 
Al12(Fe,Mn)3Si, Al7Cu2Fe, Mg2Si that have been known to be the preferred fatigue crack 
initiation sites in Al alloys.  
The particle distributions of the AA 2026 and AA 2099 Al alloys are shown in Figure 5.1. 
In the AA 2026 Al alloy, coarser particles were grouped in stringers, while, in the AA 
2099 alloy, they were relatively finer and less densely distributed. Both of the two high 
strength Al alloys had much less number of coarse second phase particles on surface 
compared with those in the conventional 2xxx Al alloy, e.g. 2024 Al alloy. The coarse 
second phase particles have been verified to be the major crack initiate sites for both 
alloys. As discussed in Chapter 4, the fatigue cracks always initiated at the large Ω’ 
(Al7Cu2(Fe,Mn)) particles in AA 2026 Al alloy. The reduced amounts of the coarse 
second phase particles presented fewer chances for the crack initiation, thereby giving 
rise to the better high cycle fatigue properties of the 2026 alloy. Further discussion on 
particle distributions or the weakest links will be given in Chapter 6. Both the 2026 and 
2099 alloys had an outstanding fatigue strength which were about 85% and 95% 
(measured at 0% relative humidity) their tensile yield strength respectively, compared 
with about 45% yield strength for an AA2024 alloy. Decreasing the potential crack 
initiation sites was an important technique in developing the HCF properties of both 
alloys.  
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Enhanced resistance to crack propagation  
During the propagation process of a short crack, the microstructures, such as grain 
boundaries and precipitations, may block the crack growth and slow down the crack 
growth rate. Therefore, optimizing the microstructure of alloys could enhance the 
resistance to fatigue crack growth.    
Non-crystallographic growth: First of all, not all of the micro-cracks could become long 
cracks. Figure 4.7(b) shows two cracks which initiated from coarse particles without 
propagating further into the matrix. The possible reason for the arrest of the micro-cracks 
on the interface between particles and matrix is discussed in Chapter 4. As discussed 
earlier, these alloy had much less crack initiation sites. Among those initiated cracks, 
only a small percentage had a chance to grow into the matrix because of the larger twist 
angles of possible crack plane deflection at the particle/matrix interface. This made it 
even harder for initiate a propagating crack in these alloys, thereby further increasing the 
fatigue strengths of the alloys.   
For those cracks that successfully growing into the matrix by overcoming the barrier of 
the particle/matrix interface, they always propagated in non-crystallographic growth 
mode first, which was the crack initiation growth stage roughly perpendicular to the 
loading axis, as shown in Figure 4.8 and Figure 5.12(a) for the AA 2026 and AA 2099 Al 
alloys respectively. The propagate rate within the non-crystallographic growth stage was 
much lower compared with that during the crystallographic growth period, as discussed 
in Chapter 4.   
The lengths of the non-crystallographic growth part of the fatigue cracks were much 
different between AA 2026 and AA 2099 alloys. As shown in Table 5.3, the lengths of 
the non-crystallographic part of the cracks were always less than 100 μm in AA 2099 Al 
alloy while the lengths changed a lot for the rectangular and square extrusions of AA 
2026 alloy. It could be as short as 30 μm, or as long as more than 800 μm. Overall, most 
of cracks in its non-crystallographic growth region were more than 200 μm in the AA 
2026 rectangular samples, while less than 150 μm in square extrusion. The reason for the 
occurrence of non-crystallographic growth still remains unclear, it might relate to the 
patched particles as well as the partial recrystallized grains in the alloy.  As shown in 
 111
Figure 4.8 and Figure 5.13, the non-crystallographic growth region always contained 
patched particles while there were relatively less particles found in the crystallographic 
growth region in AA 2026 Al alloy. For the AA 2026 Al alloy, it was hard to get decent 
EBSD map in the non-crystallographic growth region, which probably caused by the 
patched particle and the finely broken grains which were partial recrystallized. Because 
there were less coarse particles distributed on the sample surface of AA 2099 Al alloy, no 
patched particle related crack initiation was observed. By the aid of EBSD analysis, it 
was found that the surface area corresponding to crack initiation region contained more 
cube texture (the major recrystallization texture component), as shown in Figure 7.14, 
which led to the hypothesis that crack initiation and non-crystallographic growth may 
relate to the partial recrystallization in the AA 2099 Al alloy. 
Crystallographic growth: Followed by the non-crystallographic growth region was the 
crystallographic growth area. The crystallographic growth was the result of strong planar 
slip which was common in the high strength Al alloys strengthening by coherent and 
shearable precipitates, such as Al3Li and Cu2Al, etc. In the region of crystallographic 
growth, the crack was long and straight in the direction of approximately 30o with respect 
to the loading axis (Figure 4.8 and Figure 5.12(a)), as if each region was a single crystal. 
In fact, these regions were all polycrystalline, and the crack was sometimes only 
deflected slightly across the grain boundaries in these regions (Figure 5.12 (b)). However, 
the crack path always deflected by a larger angle when propagating into a partially 
recrystallized area, as revealed by EBSD experiments (Figure 5.12(c)). The behavior of 
crack growth in AA 2026 alloy could not be related to the grain structure since its grain 
structure could not be etched in this work. However, with the many similarities in grain 
structure, texture and crack growth behavior between 2026 and 2099 alloys, it is 
reasonable to assume that the 2026 alloy should have a similar relationship between the 
growth behavior of fatigue cracks and the grain structure as that in 2099 alloy.  
The periodically distributed partially recrystallized regions were an important 
strengthening factor that enhanced the resistance to crack growth in AA 2099 Al alloy 
and presumably in the AA 2026 Al alloy as well. The crack growth rate was retarded 
effectively by the deviation of the crack path in these regions, as shown in Figure 4.8. 
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The retardation of the deflected crack growth is caused by the large twist components of 
crack plane deflection at two neighbor grains and therefore the big twist angles on the GB.  
Crack branching and roughness induced crack closure: As discussed previously, the 
superior HCF properties of the two alloys partly attributed to the slower crack growth rate 
related to the non-crystallographic growth and large twist of crack deflection in the 
partially recrystallized regions. However, this does not explain the effect of the 
crystallographic growth on the fatigue behaviors of these alloys. The combination of 
crystallographic and non-crystallographic crack growth, accompanied by the crack 
branching resulted in the extremely rough and faceted fracture surfaces in both alloys, as 
shown in Figure 5.12 – Figure 5.14.  The fracture roughness presents higher resistance to 
fatigue crack growth. It has previously been found that local crack plane deflection and 
branching could reduce the stress intensity at the crack tip and promote roughness 
induced crack closure in Al-Li alloys [107]. In fact, coherent particle strengthening, 
orientation hardening from deformation textures, fine subgrain structure, have all been 
identified as the prominent microstructural sources of crack deflection and branching by 
the previous studies [106]. The crack deflection and branching, as well as the consequent 
roughness induced crack closure, were all beneficial to crack propagation resistance in 
the two alloys studied in this work. Although the recrystallized regions presented more 
resistance to crack growth, they generally had soft orientations, i.e., a weakening effect. 
Therefore, balance has to be made regarding how much of the recrystallized area should 
be produced in terms of volume percentage in these alloys. This could be done by 
controlling the amount of Zr addition.  
5.4 Conclusions 
1) Precipitation and dislocation were the major strengthening mechanisms for the AA 
2026 and AA 2099 Al alloys. The deformation and fine subgrain structures developed 
from the controlled extrusion process and the partial recrytallization were also important 
strengthening techniques of this alloy.   
2) Both of the AA 2026 and AA 2099 Al alloys had a much lower density of coarse 
particles (i.e., weakest links), compared with the commercial 2xxx Al alloy, e.g. 2024 Al 
alloy, which partly contributed to the superior fatigue strength of these two alloys, about 
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85% and 95% of their tensile yield strength respectively, compared with about 45% yield 
strength for the 2024 alloy.   
3) Loosely distributed among the layered deformation grains, the partial recrystallized 
region provided significant barriers to crack propagation by deflecting the crack path and 
providing large twist of crack plane deflection at grain boundaries in these regions. In the 
mean time, crack deflection and branching led to the significant effect of roughness 
induced crack closure on crack propagation in the two alloys. 
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Table 5.1 Chemical composition (wt%) of the AA 2026 and AA 2099 Al alloys 
Alloy Cu Mg Zn Li Mn Si Fe Zr Al 
2026 3.95 1.32 0.013 - 0.59 0.03 0.038 0.11 bal. 
2099 2.4-3.0 0.1-0.5 0.4-1.0 1.6-2.0 0.1-
0.5 
0.05 0.07 0.05-
0.12 
bal. 
 
 
 
 
Table 5.2 Texture components of the extrusions of AA 2026 and AA 2099 Al alloys  
Volume fraction (%) 
Texture component 2026 alloy 2099 alloy 
Brass {110}<112> 16.1 15.2 
S {132}<643> 15.3 12 
Copper {112}<111> 12.9 8.4 
Cube {100}<001> 2 2.2 
Goss {110}<001> 0.6 1.2 
R-Cube {100}<011> 0.2 0.5 
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Table 5.3 Stress levels and the crack lengths of non-crystallographic growth. 
Sample No. Stress level(%σy) 
Crack No. Non-cryst. Length (μm) 
Total crack 
numbers 
A4-1 Not propagate 
A4-2 300 
2026-A4 
(L-T 
rectangular) 
100% 
A4-3 850 
3 
2026-A6 100% A6-1 300 1 
A3-3 200 
A3-4 200 
A3-5 195 
A3-7 35 
A3-8 185 
A3-9 230 
A3-16 220 
A3-18 110 
A3-19 200 
A3-20 240 
A3-22 200 
A3-23 300 
2026-A3 120% 
A3-27 220 
30 
C1-1 340 
C1-2 70 
2026-C1 
(L-S 
rectangular) 
100% 
C1-3 615 
3 
B1-1 45 2026-B1 
(square) 100% B1-2 77 2 
B3-1 350 
B3-2 150 
B3-3 40 
B3-4 95 
B3-5 126 
B3-6 75 
2026-B3 
 100% 
B3-7 30 
7 
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(a) 
 
 
(b) 
 
Figure 5.1 Optical micrographs showing (a) coarse particle stringers in the AA 2026 alloy 
and (b) fewer particles in the AA 2099 alloy. 
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Figure 5.2 (a) Bright field transmission electron micrograph showing distribution of 
second phase particles and the precipitation free zones at a grain boundary in the AA 
2026 Al-alloy, (b) and (c) the EDS spectra of the precipitates 1 and 2 in (a) respectively.   
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Figure 5.3 (a) TEM micrograph of a grain boundary, some dislocations and fine 
precipitates. (b) EDS line scan of the distribution of Cu and Mg across a dislocation line, 
indicating no segregation at the dislocation line, (c) the EDS in the region I and (d) EDS 
line scan of the distribution of Cu across the grain boundary, showing Cu segregation at 
the boundary shown in (a). 
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Figure 5.4 (a) Spiral dislocations pinned by Cu-contained precipitates (θ phase-Al2Cu), (b) 
EDS spectrum of the precipitate marked in (a).  
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Figure 5.5 Central weak beam dark field image showing dislocations pinned by 
precipitates and dislocation loops in the AA 2026 alloy.  
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a) 
 
 
 
b) 
 
Figure 5.6 Sub-grain structures in a) AA 2026 Al-alloy and b) AA 2099 Al-alloy.  
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(c) 
Figure 5.7 (a) and (b) ODF and pole figure for the rectangular and square extrusions of 
AA 2026 Al alloy respectively and (c) ODF for the rectangular extrusion of AA 2099 Al 
alloy.  
(a) 
(b) 
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Figure 5.8 (a) Dark-field TEM image of 2099 Al-Cu-Mg-Li alloy, the lathe like 
precipitation of S’ and the spherical precipitates of β’ (Al3
S’ 
S’+δ’ 
δ
a) 
b) 
’ 
Zr) covered by δ’(Al3Li), (b) 
elected area diffraction pattern (SADP) (a), 〈001〉 pole.  
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Figure 5.9 Bright field TEM image of the AA 2099 alloy showing 
inset shows the dark field TEM image of 
 
a grain boundary. The 
the grain boundary where there is a S’ PFZ. 
 
 
Figure 5.10 Bright field and central dark field TEM image of AA 2099 alloy showing the 
dislocations and precipitates.   
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δ’ S 
δ’ 
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Figure 5.11 The layered grain structure in the AA 2099 alloy rectangular extrusion.  
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(d) 
 
igure 5.12 (a) The surface morphology of a typical fatigue crack in the AA 2099 alloy 
nd (b) A selected part of the fatigue crack near the crack initiation region at a higher 
agnification. (c) Orientation image of the recrystallized region by EBSD measurement. 
n inverse pole figure with the color scale is given in (d).  
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 Fractography of a) crack initiate and b) crystallographic growth region in the 
A 2026 Al alloy. 
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Figure 5.14 The fracture surface of the crystallographic growth part in AA 2026 Al alloy. 
rack closure effect is evident in these micrographs. 
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Chapter 6  
Fatigue Properties and Density of Fatigue Weakest Links 
It was noticed that the fatigue crack population on the sample surface varied markably 
with the applied stress and that it displayed profound differences between the two alloys, 
AA 2026 and AA 2099. In this research project, the relationship between the numbers of 
the cracks generated and the applied stress levels was studied and quantified by a Weibull 
distribution function. Assuming that each surface crack was associated with one crack 
initiation site, namely one weakest-link, the fatigue weakest-link density, which was 
defined as the crack population per unit area at a stress level close to the ultimate tensile 
stress, could then be calculated from the measured Weibull distribution function and 
regarded as a property of materials.  
6.1 Introduction 
In aluminum alloys, large intermetallic particles [19,20,67,76,83,84], grain boundaries 
and precipitate-free zone [22,89,92], as well as persistent slip bands [42,93] have been 
reported to be the preferred crack initiate sites. The rupture of a material depends on the 
stress level applied. At low fatigue stress amplitudes the failure occurs by the unstable 
propagation of single crack, while at very large stresses multiple cracks initiation and 
crack coalescence lead to the breakage [19,67,76].  It is possible that at various stress 
levels different microscopic features, acting as the stress-raisers, are responsible for the 
fatigue crack initiation. Due to the inherent microstructural inhomogeneities in materials, 
the fatigue life data measured by S-N curves exhibit large scatter inevitably. Meanwhile, 
the S-N curve does not provide information on fatigue weakest-link density and strength 
distribution which are materials properties. It is desirable to be able to quantify them.         
The weakest link concept was proposed by Weibull in 1939 [208] to describe the scatter 
of the strength in brittle materials. Later it was extended to the fatigue strength by 
Freudental [211] based on the existence of statistically distributed defects in the volume 
of the material. The Weibull distribution is often used to describe fatigue data, as well as 
predict the fatigue life [209] and estimate fatigue variability (e.g., from pore size in sand-
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cast Al-Si alloys [210]), etc., It is widely accepted that the distribution of fatigue results 
follows Weibull statistics by 
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where F(σ) is the failure probability at a given applied stress σ, σ0 is a threshold stress 
below which there is no damage, and σb and m are the material constants that govern the 
fracture distribution. Based on the weakest link theory, Weibull distribution has also been 
used in estimating the fatigue strength of metallic structural components [212] and 
predicting notch behaviors and notch size effect in high cycle fatigue [213].  
In this work, the numbers of the cracks initiated at various stress levels on the sample 
surface of two Al alloys, AA 2026 and AA 2099, were measured. The relationship 
between the crack population and the applied cyclic stress was then quantified by a 
Weibull distribution function. The ratio of the crack population to the area of the loaded 
surface, N/A, tended to be a constant under certain stress level. This ratio, which was 
defined as the density of the weakest links, could be a new parameter to evaluate the 
fatigue property of the material.  
A large number of papers in the literature have reported the environmental effects on the 
fatigue behaviors [145,214-216], because the fatigue resistance of most metals and alloys 
is very sensitive to aqueous, corrosive atmospheres, etc. This chapter will also present 
some newly acquired data on the effect of relative humidity on the initiation and 
propagation of the fatigue cracks in AA 2026 alloys.  
6.2 Experiment Details 
6.2.1 Materials and Samples 
Two types of high strength aluminum alloys were used in this work. One was an AA 
2026 Al-Cu-Mg-Zn alloy in T3511 temper and another was an AA 2099 Al-Li in T8E67 
temper. Both were extrusion bars with chemical compositions listed in Table 6.1. The 
two alloys have developed by Alcoa for use in aerospace and high performance 
applications requiring high strength, very high fracture toughness and excellent fatigue 
crack growth resistance. Li addition increases the strength and modulus of Al alloys 
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while lowering its density. There were two types of extrusions with rectangular and 
square cross sections respectively for AA 2026 alloy while only rectangular extrusion for 
AA 2099 alloy in this work. The tensile yield strength, σy, was 372 MPa, 427 MPa for 
AA 2026 rectangular and square extrusion respectively and 474 MPa for AA 2099. The 
details about these samples are described in Chapter 2. Because the fatigue strength for 
L-T and L-S samples (L-T and L-S samples mean the surface of the samples was parallel 
to the L-T and L-S planes respectively) of the rectangular extrusion was almost identical 
[217], only L-T samples were tested for the rectangular extrusion in this chapter. As to 
the square extrusion bars for 2026 alloy, there was no need to distinguish the L-T and L-S 
samples due to the symmetry along the extrusion axis. Therefore, the samples were 
simply named as 2026A and 2026B for the rectangular and square extrusions respectively. 
Though there was only rectangular extrusion of AA 2099 alloy in this study, it was still 
named as 2099A to consistent with AA 2026.   
There were two batches of the AA 2026 alloy samples, provided by Alcoa, for both the 
rectangular and square extrusions. They were referred to as A1/A2 for the first/second 
batches of rectangular extrusion and B1/B2 for the first/second batches of the square 
extrusion respectively.   
In order to study the crack initiation and minimize the effect of possible damage induced 
by sample preparation, the sample surface that was under tension in four-point bend was 
prepared with proper care, as described in Chapter 2. This sample preparation method 
was proved to be an advisable way to study the short cracks because it presented minimal 
surface damage or internal residual stress [146]. The decent Kikuchi patterns which are 
demanding to sample quality can also been produced by electron back scatter diffraction 
(EBSD) on such prepared surfaces of both alloys.  Therefore, the effect of the possible 
surface damage and residual stress will not be considered in this chapter. 
6.2.2 Fatigue Tests 
The fatigue tests were conducted with the modified self-aligning four point bending 
method described in Chapter 2. As shown in Figure 2.3, the spans of the two support 
roller L and the two loading roller t were fixed in the test rig. They were 30 mm and 6.35 
mm respectively. The test geometry used here was within the optimum value established 
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by both numerical and experimental work [113], which L/t was of 4-5 and t/h of 1.2-1.5. 
Here h was the sample thickness which was about 5 mm. During the fatigue test, the area 
of the sample surface which located upon the two loading rollers was under maximum 
tension stress. The size of this loading area, 63.5 mm2, will be used to calculate the 
density of the small cracks which were created at different stress levels.  
The maximum stress conducted during the fatigue tests were ranged from 80% to 140% 
tensile yield strength, σy, of the testing material. The maximum fatigue cycles for each 
sample were run up to 1.5 × 106 or whenever it failed. The number of the cracks within 
the loading area was counted by an optical microscope at 200×. In order to minimize the 
error which might comes from the crack merging along with the fatigue process, the 
fatigue tests were interrupted regularly to take pictures for the loading surface for crack 
tracing. Under these circumstances, each small crack longer than 5 microns will be taken 
into account in calculating the crack density.  
Due to the environmental sensitivity of the fatigue properties of Al alloys, all fatigue tests 
were run in air, at room temperature, with the relative humidity (RH) controlled for 
selected samples. The details of humidity control can be seen on Chapter 2. Three ranges 
of humidity, 0% RH, 40~50%RH and >90%RH, were introduced during the fatigue tests. 
6.3 Results and Discussion 
6.3.1 S-N Curves 
The S-N curves of the two alloys, AA 2026 and AA 2099, were measured at 0% and 90% 
relative humidity conditions. It can be seen in Figure 6.1 that the AA 2026 Al alloy 
achieved a fatigue strength as high as 360 MPa, 100% of its yield strength for the second 
batch of the rectangular extrusion at 90% RH. The fatigue strength increased to 380 MPa, 
105% of the yield strength when tested at 0% RH. Humidity caused the decrease in 
fatigue strength of the AA 2026 alloy. Both were higher than that (334 MPa, around 90% 
of the yield strength) of the first batch of the rectangular extrusion tested at 50% RH, as 
discussed in Chapter 4. The differences of the fatigue property between these two batches 
might be due to the possible difference in position where the samples were cut in the 
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large extrusion bars or due to the different ingots which might be different in 
microstructure and properties.  
The detrimental effect of water on the fatigue property of AA 2024-T351 alloy has also 
been noticed [218]. Cyclic loading of the AA 2024 Al alloy in distilled water led to 
significantly reduced lifetimes and the S-N curve being shifted approximately 30-40% 
towards the lower stress levels, compared with in ambient air. Experiments in dry air 
clearly identify humidity of ambient air as the corrosion agent. Absorption of the water 
vapor will lead to the formation of hydrogen [219] and embrittlement of the material at 
the crack tip [215,216].  
The high cycle fatigue performance of AA 2099 alloy was also amazing. The fatigue 
strength of this alloy was as high as 450 MPa, 95% of its yield strength when tested at 
0% RH. Similarly to AA 2026 alloy, fewer coarse particles and extremely long grains in 
the loading direction were responsible for the significant improvement of its fatigue 
strength. The grain structure of AA 2099 alloy can be seen in Chapter 5.  
6.3.2 Characteristics of Fatigue Cracks 
The main characteristic cracks occurred on sample surface in both the AA 2026 and AA 
2099 alloys are shown in Figure 6.2 at low magnifications, after these sample fractured. 
Samples were tested at different stress levels and various relative humidity. Note that, in 
order to protect the main propagating crack and avoid generation of extra cracks due to 
the sudden extensive deformation in the final fracture of these samples, the test machine 
was stopped automatically before the samples fractured completely. The samples after the 
fatigue tests appeared still flat, showing no sudden extensive deformation occurring in 
these samples. The micrographs were taken along the sample width on the surface and 
most of them are about 1.2 mm in the L direction. In order to display most part of the 
cracks, Figures 6.2 (d) and (g) were taken from a larger area, compared with the others 
due to the very low crack population on the sample surface.  
It can be seen in Figures 6.2 (a) ~ (f) that the cracks were not the same in density, 
distribution and shape, in the surface area that was under the maximum stress in four-
point bend in the square and rectangular extrusion samples. The crack density was higher 
at higher stress levels than that at low stress levels. As shown in Figure 6.2 (a) and (f), 
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there were 6 and 1cracks observed on the surface of the rectangular extrusion sample of 
2026 alloy at the maximum cyclic stress of 140% and 115% σy respectively and 0% RH. 
Similar relationship was also observed for the square extrusion samples of 2026 alloy 
tested at 0% RH. There were 6 cracks for the 2026 square sample tested at 140% σy, 
while only 1 crack was found in the alloy at 100% σy, as shown in Figures 6.2 (b) and (e). 
In the case of high humidity, 90% RH, higher stress level also created higher crack 
density like in the low humidity condition. Figure 6.2 (c) and (d) show the cracks 
observed in the square extrusion of 2026 alloy at 140% and 93% σy respectively, with 
crack numbers being 5 and 1 in these samples respectively. The cracks in the 2026 alloy 
were predominantly initiated from large angular shape particles on the surface. They 
were perpendicular to the loading direction and propagated in a non-crystallographic 
mode in the crack initiation region which was often found to be recrystallized [217]. The 
length of non-crystallographic cracks varied markedly from one to another. Sometimes, 
they could be as long as several millimeters, as shown in Figures 6.2(a), (b) and (f). This 
was because the width of the recrystallized regions varied significantly in the alloys.          
As to the 2099 alloy, the surface morphology of cracks was much different from that in 
the 2026 alloy. Figure 6.2(f) was taken from the whole loading area of an AA 2099 
sample tested at 110% σy and 0% RH. There was only one crack found on the sample 
surface. As will be discussed in §6.3.4, cracks were initiated at large particles. However, 
the non-crystallographic propagation stage was only about 100 microns long, before 
switching to crystallographic growth.     
For both these alloys, at a lower stress level near their fatigue strength, around 100% σy, 
there was only one or two cracks initiated on the sample surface. When the applied 
maximum cyclic stress was increased to a higher level up to 140% σy, the total number of 
cracks was increased. However, it was much less in the AA 2099 alloy than that in the 
AA 2026 alloy at the high stress levels. For example, there were only 6 cracks found in 
the AA 2099 alloy while more than 50 cracks found in the AA 2026 alloy at 140% σy. 
All of these tests were conducted at dry air environment with 0% RH.  
Figure 6.3 shows the crack morphology in the AA 2099 alloy at 140%σy (close to the 
ultimate tensile strength). In addition to the main crack, there were also slip bands on the 
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sample surface because of the applied stress being well over the yield strength. Each load 
cycle generated extensive plastic deformation by slip on multiple slip systems in the 
sample.            
6.3.3 Stress Level and the Crack Population 
The crack population under different stress levels in these two alloys was carefully 
measured and, the relationship of the stress level and the corresponding crack population 
is plotted in Figure 6.4. The measured crack populations were displayed with the mark 
different symbols, while the calculated results were displayed with lines, as will be 
discussed in §6.3.5. 
There was generally only 1 crack nucleated at the applied stress level close to the fatigue 
limit in both these alloys. The crack population increased with the applied stress levels. 
The higher the applied stress levels, the highe the crack population. The similar 
phenomenon has also been observed in 7010 Al-Zn-Mg-Cu and 2024 Al-Cu-Mg alloys 
[22,67].  
In different alloys or even different batches of the same alloy, the crack population or 
crack initiation behavior was found to be different at the same applied cyclic stress level. 
For the two batches of AA 2026 rectangular samples tested at 50% RH, all of the data 
points for the first batch samples, 2026 A1 (marked with red spots in Figure 6.4), shifted 
to the left side of curve of the second batch samples, 2026 A2 (marked with black 
asterisks). It means that, compared with the second batch samples, the first batch samples 
had far more crack initiation sites, i.e., weakest-links, and these weakest-links in the first 
batch had lower strength than that in the second batch. This is consistent with their S-N 
curves, discussed in §6.3.1, that the second batch 2026 A2 has higher fatigue strength 
than the first batch 2026 A1. As discussed earlier, this might be caused by either these 
samples being cut from the different positions of ingots or the two batches containing 
slight different contents of impurities. If the samples were from the top end of an ingot, it 
would have been possible that they contain more coarse particles, as this part of the ingot 
solidifies the last and contain more impurity particles. These particles are the preferred 
sites for fatigue crack initiation. 
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It is understandable that either the strength of weakest-links being low or the weakest-
link density being large will lead to low fatigue strength of an alloy. This was consistent 
with the experimental results from the second batch of AA 2026 A2 & B2 alloy which 
were in the forms of rectangular and square extrusions. The data points of the square 
extrusion 2026 B2 (marked with green symbols) are located on the left side of the curve 
of the rectangular extrusion 2026 A2 (marked with black symbols). Also, the number of 
cracks observed in 2026 B2 at the highest applied stress levels was much more than that 
of the 2026 A2. It was also consistent with the measured S-N curves, as discussed in 
Chapter 4, that the square extrusion had lower fatigue strength than that of the rectangular 
one of the 2026 alloy. 
Water vapor was found to have a detrimental effect on high cycle fatigue property, 
especially crack initiation, of both these alloys. With increase in relative humidity, cracks 
were initiated at lower stress levels. Humidity lowered the strength of weakest-links in 
these alloys. As shown in Table 6.2, in the AA2026 alloy square extrusion fatigued at 
100% σy, 100,000-120,000 fatigue cycles were needed to initiate a crack in a 2026 square 
B1(3) at 50%RH, while, in another sample 2026 square B1(7), more than 400,000 cycles 
were needed to initiate a crack at the same stress level but 0% RH. In the AA2026 alloy 
rectangular extrusion A1(4), cracks were initiated after 805,000 cycles at 50%RH and 
100% σy, while in sample A1(5) no crack initiated even after 2,810,000 cycles at 0% RH 
and 110% σy. As to the 2099 Al-Li alloy, low humidity also delayed the process of crack 
initiation. In sample 2099A(3), three cracks were created after 55,000 cycles at 50%RH 
and 105% σy, while in another sample 2099 A(2), only one crack was formed after 
125,400 cycles at 0% RH and the same stress level. This crack was the only crack that 
caused the sample failure. 
However, the crack population on the sample surface saturated when the applied stress 
approached the ultimate tensile strength. As shown in Figure 6.4 and Table 6.3, at 140% 
σy, the crack population in each batch of the AA 2026 alloy became very close at 
different humidity. This means that humidity did not produce anymore weakest-links but 
only weakened them in these alloys. On the other hand, the saturated crack numbers were 
quite different for various alloys. The saturated crack population was 50~60 in the AA 
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2026 rectangular extrusion and 70~80 in its square extrusion, whereas, just less than 10 
was found in the AA 2099 rectangular extrusion. Similar results have been reported in an 
AA 8090 Al-Li alloy and the measured saturated crack population was as high as around 
300 [220]. In both L-T and L-S samples of AA 8090 alloy, fatigue cracks were found to 
be initiated along the {100} planes that were perpendicular to the loading axis. The crack 
population is associated with the weakest-link population in an alloy, which is a useful 
property for both the manufacturers and users of the alloy.   
6.3.4 Fatigue Crack Initiation Sites / Fatigue Weakest Links  
The concept of weakest-links assumes that a structure consists of many structural 
elements or “links” and each has different strength. The probability of failure of the 
structure is dependent on the loading imparted to the structure and the strength of each 
single element. As shown below, the links with the lowest strength in metallic materials 
are always related to the possible microstructural inhomogeneities, such as inclusions, 
particles, grain or phase boundaries, non-uniformity of composition and precipitate 
distribution, and even strain concentrations, etc. in an alloy. These weakest points where 
fatigue cracks preferred to initiate are referred as fatigue weakest-links.  
It was found that the weakest links for the two tested high strength Al alloys, AA 2026 
and AA 2099, were always the large second phase particles. Figure 6.5(a) shows a typical 
crack initiate site for the AA 2026 alloy. The sample was fatigued at 50% RH and 120% 
σy. The first couple of cracks were initiated at around 18,000 cycles. After that, more 
than 25 new cracks were formed in 5000 cycles. The weakest-links in the AA2026 alloy 
were usually angular shaped Fe-containing particles [217]. Some of the existed cracks 
propagated very slow, while some newly formed cracks grew faster till the sample failed. 
The crack shown in Figure 6.5(b) was taken from the AA 2099 sample which was tested 
at 50% RH and 105% σy. It was also the dominant crack that resulted in the sample 
failure.  
Some large particles (more than 10μm in length) were probably pre-broken during the 
extrusion process [217]. When the fatigue stress was applied along the extrusion direction, 
these pre-broken particles were favored weakest links for crack initiation. This 
phenomenon has also been observed in the rolled 2219 Al-Cu-Mn alloys by W. L. Morris 
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and coworkers [76]. They found that, after final surface preparation, many of the 
inclusions sectioned by the specimen surface contained internal cracks normal to the 
rolling direction. On the other hand, if fatigue loading normal to the rolling direction, no 
inclusion associated crack initiation occurred. Instead, cracking ultimately occurred at 
grain boundaries. By using the micro-grid technique, G. Patton et al. evaluated the local 
plastic strain surrounding the second phase particles Al7Cu2Fe and Mg2Si in 7010 Al 
alloy during fatigue cycling [67]. The local plastic strain was approximately five times 
the plastic strain value which was far from the second phase particles. Plastic relaxation 
in the matrix around cracked particles has been evidenced. Under cyclic loading, with 
increasing number of cycles the local plastic deformation could be accumulated to a 
critical value which was large enough to initiate fatigue cracks [221].  
The size distribution of the Fe contained particles has not been studied in 2026 alloy. It 
was reported that the probability for a S- (Al2CuMg) or β - phase (Al7CuFe) constituent 
particle to initiate a fatigue crack falls off very rapidly as the particle size decreases 
below 6 μm [19,22]. It should be meaningful to investigate the relationship of the crack 
population, which is related to the number of weakest-links, and the particle size. This 
could provide information about the fatigue resistance of a material.  
It was noticed that load transfer plays an important role in particulate strengthening [222] 
and the load transfer was largely dependent on the bond integrity of the particulate-matrix 
interface [223]. The constrains on deformation caused by the presence of the hard and 
brittle second phase particles, and the resultant development of a triaxial stress state in 
the soft and ductile metal matrix during the fatigue processing, aided in limiting the flow 
stress of the matrix. Thus, void initiation and growth in the matrix, as well as debonding 
at the particle-matrix interfaces were other favored choices for crack nucleation 
[22,88,223].  
Compared with the fatigue behavior of high strength Al alloys, the medium strength Al 
alloys is totally different. As described in Chapter 3, the medium strength AA 5754 Al 
alloy had fatigue strength about 120% its tensile yield strength. Like other ductile alloys, 
fatigue cracks were never initiated from large constituent particles in this alloy tested in 
four different conditions, including hot-rolled, fully annealed, induction heated and water 
 139
quenched. Instead, fractures typically initiated from a corner/edge of the specimens in all 
the tested samples. The same phenomenon has also been observed in the hydroformed 
AA 5754 and AA 6063 Al alloys where fatigue cracks are initiated at the corner/ edge of 
the samples [132]. It is worth mentioning that the effect of heat treatment on the crack 
initiation could not be neglected. The fractography of the annealed 5754 Al alloy samples 
revealed that a majority of the failures were the results of cracks nucleating at, or near, 
large β-Al3Mg2 precipitates [84]. This indicates that the heat treatments which could 
improve certain properties of an alloy also introduce other weaker weakest-links in the 
alloy. Hardening of the matrix could make it easier to initiate cracks at hard and coarse 
particles in an originally soft matrix because stress can be relatively easily transferred to 
the particles.  
As to the pure aluminum which has excellent ductility, fatigue crack initiation is 
promoted by strain localization. As shown in Figure 6.5(c), in an AA 2524-T34 Al alloy 
with the surface being clad with pure Al, cracks essentially initiated at the persistent slip 
bands on the surface. The orientation of grains plays an important role in the crack 
initiation process in ductile materials, as the soft grains may have coarser and denser 
persistent slip bands than the hard grains in the alloy [64].     
6.3.5 Fatigue Weakest Links by Weibull Distribution 
The use of weakest link theory was developed by Weibull, in 1939 [224] and was well-
established for describe the failure strength of brittle materials such as ceramics and high 
modulus fibers used in composite materials. Though there were quite some reports on the 
fatigue life/limit prediction using Weibull models [213,225], the application of weakest 
link theory to metallic materials is relatively less established. Recently, the Weibull 
distribution function was used to quantify the weakest-links density regarding the applied 
stress levels in an 8090 Al-Li alloy [220]. At the present work on AA 2026 and AA 2099 
high strength Al alloys, it was also found that the relationship between the numbers of 
cracks (N) initiated on the sample surface and the applied stress level (σ) could be 
described with the Weibull distribution function,     
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where N0 is the saturated weakest-link density and σ0 is the fatigue limit. k is a constant. 
m is the Weibull modulus. Here, N0 is defined as the number of cracks created on the 
surface area at the stress level near the ultimate tensile strength (σu) of the alloy. The 
surface area in this work, which is 63.5 mm2, is the loading area under the maximum 
surface stress. Both N0 and σ0 can be determined experimentally from S-N curve 
measurement. In order to determine the other two constants m and k, the following linear 
relationship was introduced by taking logarithm calculation twice on Equation 6.2,  
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The experimental data and the linear fittings of 
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in Figure 6.6, and shown with symbols and lines respectively. The fitted curves are in 
good agreement with the experimental results. The scattered data points were carefully 
picked out in order that the calculated curves from Equation 6.2 could have a reasonable 
fit with the experimental results. The parameters, m and k, obtained from linear curve 
fitting, are listed in Table 6.3. The calculated relationship of crack population versus the 
applied stress levels is plotted in Figure 6.4.  Although the Weibull distribution is often 
used to analyze fatigue data, fitting statistical distributions to limited data is not quite 
reliable. It was noticed that the calculated values in 2026 A2/0%RH and 2026 B2/0%RH 
corresponding to stress level 130% σy were not fit the experimental data very well. That 
means a sufficient number of specimens are necessary for more accurate calculation of 
the Weibull constants from the measured crack population vs. stress curves. Since the 
majority of the calculated results were in a good agreement with the experimental data, 
the fitting method and the fitting results used in this work proved to be acceptable.  
6.3.6 Strength Distribution of Fatigue Weakest-links   
It has long been recognized that fatigue cracks will initiate from the weakest links that 
could fracture at different cyclic stress levels for engineering materials. The strength 
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distribution of the weakest links, which has never been measured before, can then be 
determined by measuring the number of cracks at different cyclic stress levels in the 
materials. The measured crack population vs. stress curve will then be used to calculate 
the strength distribution of weakest-links. This distribution can be defined as a fatigue 
property of the material and is of direct value for both materials producers and 
engineering designers.  
Equation 6.2 gives the crack population initiated at a certain cyclic stress level. By taking 
derivative of Equation 6.2, the strength distribution of fatigue weakest-links can be 
derived, 
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where n is the number of the fatigue weakest-links that have a fracture strength of σ, and 
C is a scaling constant which can be determined by, 
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C depends on the unit of σ used in Equation 6.4. Here n being the characteristic strength 
distribution of fatigue weakest-links which can be regarded as one of the properties of the 
materials, while N0 still being the saturated density of fatigue weakest-links as described 
in Equation 6.2. 
The strength distribution of fatigue weakest-links or the normal distribution of weakest- 
links versus the applied stresses in the tested AA 2026 and AA 2099 alloys are plotted in 
Figure 6.7. Intuitively, Equation 6.5 represents the integration of one curve shown in 
Figure 6.7. The integration is the saturated/total population of the weakest-links (N0) in 
each alloy. If the total surface area that is under the fatigue stress is known, the density of 
weakest-links is then known in the alloy. For a material to have a better fatigue 
performance, its N0 should be as small as possible. With a far smaller area covered by its 
strength distribution curve (Figure 6.7), the AA 2099 alloy had much higher fatigue 
strength than that of AA 2026 alloy. The information about the density and strength 
distribution of weakest-links cannot be obtained directly from the S-N curve 
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measurement. The strength distribution curve of the weakest-links shows the probability 
of the crack initiation at a certain stress level, in other words, the number of weakest-
links with fracture strength of the applied stress in an alloy. A narrow curve represents a 
small range of required stress for the crack initiation, which means that fatigue properties 
of the material are more reliable with smaller randomness. The peak of the curve exhibits 
the most probability of the weakest-links to have the corresponding strength. The higher 
the stress, σ, of the peak, the better the fatigue performance of the material.  
The physical characteristic of the strength distribution curves were proved by both the 
rectangular and the square extrusion of the studied AA 2026 alloy. The peaks of the 
curves of the AA 2026A2 specimens tested at 0%RH, 50%RH and 90%RH were located 
at 1.3 σy, 1.22 σy and 1.12 σy respectively. This is consistent with the measured fatigue 
strengths that were in the same order for these samples (Figure 6.1 and Table 6.3). The 
specimens of 2026B2 tested at 0% RH had a relatively higher stress level for the peak 
compared with the specimens tested at 90% RH, as a result, it has higher fatigue strength 
than those tested at 90% RH (Figure 6.1 and Table 6.3).  
The reason for the strength of the weakest-links having a Weibull distribution is that, at a 
lower stress level near fatigue limit, only fewer weakest-links could be fractured to 
become cracks. With increase in the applied stress, the numbers of the weakest-links that 
can be fractured will increase. At a high stress level, all the possible weakest-links in the 
material could be fractured and the crack population saturates.  
It was also found that, both of the peak numbers of weakest-links and the corresponding 
applied stress changed with the relative humidity. There was a re-balance for the strength 
of the weakest-links and the applied stresses as the test conditions changed. As shown in 
Figure 6.7, both the rectangular and square extrusions, 2026A2 and 2026B2, had a lower 
peak number of weakest-links (crack initiation density), but the stress corresponding to 
the peak at 90% RH was lower than that at 0% RH.   
It was interesting to observe that the crack initiation density was lower at high RH in AA 
2026 alloy. Similar phenomenon has also been observed on AA 2048 (Al-Cu-Mn-Mg) 
alloy and AA 2219 (Al-Cu-Mn) alloy [76]. In both these alloys, the reduced crack 
population at higher humidity is associated with weakening of intermetallic-matrix 
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interfaces at elevated humidity, so that it is harder to fracture coarse particles at the high 
RH. At low RH, these particles could relatively easily be fractured as the stress can be 
transferred to the particle through the particle/matrix interface. The reason for the lower 
crack initiation density at elevated relative humidity for the tested AA 2026 Al alloy was 
still unclear, but crack propagating around interface was observed at higher humidity, 
which could be evidence indicating the weakening of intermetallic-matrix interfaces by 
high RH in this alloy.  
It has been recognized that the detrimental effect of water vapor on fatigue properties in 
Al alloys is possibly related to hydrogen absorption at the crack tip through the surface or 
by embrittling the plastic zone ahead of the crack due to hydrogen absorption. This 
mechanism on the effect of water vapor is common for the high strength Al alloy (e.g. 
Al-Cu-Mg, Al-Zn-Mg alloy) [215,216,219], while pure aluminum and Al-Mg-Si alloys 
show no similar loss of mechanical properties, including fatigue property, even after 
several months exposure to water vapor at 70oC [216]. It has been found that pre-
exposure to humid air is just as detrimental as water vapor in the test environment [219]. 
Surface adsorption and interactions of hydrogen with the bare metal exposed at the crack 
tip will accelerate the fatigue crack growth by reducing the surface energy or reducing the 
energy required for brittle fracture [226]. The accelerated growth rate of micro-cracks at 
elevated humidity may reduce the chances for crack initiation at other potential sites, 
thereby reducing the crack population in the high strength Al alloys studied in this work 
at higher humidity.  
This is the first time the crack initiation behavior has been quantitatively related to the 
strength distribution of weakest links in these materials. Further work needs to be done to 
try to relate this quantitative relation to the S-N curve for more accurate life prediction. 
6.4 Summary 
1) The fatigue strength of the studied AA 2026 Al alloy was significantly decreased with 
increase in relative humidity.   
2) The crack numbers were related to the applied cyclic stress level by a Weibull 
distribution function. At the stress levels near the high cycle fatigue limit, there were only 
few cracks initiated on the sample surface in both AA 2026 and AA 2099 alloys. The 
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higher the applied stress levels, the more the crack population. The crack population was 
saturated when the applied stress approached the ultimate tensile strength.   
3) Increasing relative humidity lowered the stress to initiate cracks on the surface and, a 
relatively lower peak number of the weakest links was observed.   
4) The strength distribution of fatigue weakest-links could be calculated from the 
measured crack population vs. stress curve. For a material to have a better fatigue 
performance, the saturated density of fatigue weakest-links, N0, should be as small as 
possible; the strength distribution of the fatigue weakest-links, n, should be as narrow as 
possible, while the stress corresponding to the peak of the curve, or the peak strength of 
the fatigue weakest links, σ, should be as high as possible. 
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Table 6.1 Chemical composition limits of the two testing materials (wt.%) 
Alloy Si Fe Cu Mn Mg Li Zn Ti Zr Be 
2026 0.05 0.07 3.6-4.3 0.3-0.8 1.0-1.6 - 0.1 0.06 0.05-0.25 - 
2099 0.05 0.07 2.4-3.0 0.1-0.5 0.1-0.5 1.6-2.0 0.4-1.0 0.10 0.05-0.12 0.0001
 
 
 
Table 6.2 Humidity and fatigue limits of 2026 and 2099 alloy 
Alloys Humidity (%RH) 
Stress level 
(%σy) 
Cycles Crack observation 
100% 900,000  No crack 
110% 2,810,000   No crack 2026 A1(5) 0% 
113% 227,694  1 crack 
2026 A1(4) 50% 100% 805,000  3 cracks 
2026 B1(7) 0% 100% 466,024  1 crack 
2026 B1(1) 50% 100% 155,000  1 crack 
2026 B1(3) 50% 100% 119,000  2 cracks 
2026 B1(2) 50% 90% 413,000  1 crack 
100% 225,000 No crack 2099 A(2)  0% 
105% 125,400  1 crack 
2099 A(3)  50% 105% 55,024    3 cracks  
 
 
Table 6.3 The weakest link density at 140%σy and the Weibull distribution parameters 
Sample name / 
Humidity 
Satuated
crack  
numbers
Weakest-link 
density (mm-2) k m 
Fatigue 
limit   σy 
(%) 
2026 A1/50%RH 75 1.18 24.737 3.739 90% 
2026 A2/0%RH 54 0.85 127.986 3.982 105% 
2026 A2/50%RH 58 0.913 111.896 2.474 100-105%
2026 A2/90%RH 52 0.819 14.879 1.674 100% 
2026 B2/0%RH 80 1.26 26.739 4.441 90-95% 
2026 B2/90%RH 70 1.102 7.743 2.091 85% 
2099 A/0%RH 6 0.094 17.556 2.014 95-100% 
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Figure 6.1 S-N curves of AA 2026 and AA 2099 alloys at various relative humidity with 
S in the maximum stress and normalized stress amplitude respectively. 
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Figure 6.2 Features of small cracks on sample surface in low magnification, 100X 
a) 2026A2-140%σy-0%RH, b) 2026B2-140%σy-0%RH, c) 2026B2-140%σy- 90%RH, 
d) 2026B2-93%σy-90%RH, e)2026B1-100%σy-0%RH, f) 2026A2 - 115%σy - 0%RH,  
g) 2099A-110%σy -0%RH 
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Figure 6.3 The high magnification feature of the loading area in an AA 2099 sample 
fatigued at 140% σy and 0% RH. 
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Figure 6.4 Relationship of the applied stress level and the number of cracks. 
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Figure 6.5 Weakest link (Crack initiation) modes for different aluminum alloys, a) High 
strength Al-Cu-Mg-Zn alloy, b) High strength Al-Li alloy and c) Pure aluminum.  
50 micron 
a) 
c
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Figure 6.6 The experimental and curve fitted ⎟⎟
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Figure 6.7 The normal distribution of weakest-links versus the applied stresses. 
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Chapter 7  
Effects of Macro- and Micro-texture on the Crack Propagation in High Strength Al 
Alloys 
Since both the two high strength Al alloys studied in this work exhibit a strong tendency 
for planar slip, cracks propagate in a predominantly crystallographic fashion in these 
alloys, as discussed in the previous chapters in this thesis. A crystallographic crack is 
always deflected at grain boundaries, which presents significant resistance to short crack 
growth [47,48,227-229]. This chapter focuses on the effects of macro- and micro-texture 
on the behavior of crack propagation in high strength Al alloys. Based on a 
crystallographic model [71], the crack path in individual grains on the sample surface can 
be calculated theoretically and verified using the crystallographic information about these 
grains obtained by EBSD.  
7.1 Introduction 
As described earlier in this thesis, both the high strength Al-alloys, AA 2026 and AA 
2099 studied in this thesis, demonstrated a strong tendency for planar slip which was 
promoted by reduction in stacking fault energy in aluminum by the formation of large 
volume fractions of shearable, coherent and ordered precipitates, S’ (Al2CuMg) phase 
[230-232] in the 2026 alloy, and δ’ (Al3Li) phase [172,232] and β’ phase (Al3Zr) [232] in 
the 2099 alloy. The strong tendency for planar slip results in crack extension in a 
crystallographically faceted mode [107-109], e.g., along close packed {111} slip planes 
in f.c.c. metals [106]. Given the role of boundary misorientation in the transferal of slip 
[47,48,227-229,233] and mechanical compatibility between neighboring grains [234], 
micro- and macro-texture could directly influence the growth behavior of fatigue cracks 
across grain boundaries in the planar slip alloys. 
Several detailed models for short crack growth have been developed previously, with 
majority of them being based on the crack tip plasticity and the dislocation motion in slip 
bands [235-238]. It is worth mentioning one shear stress model [234], in which the 
relationship between the local boundary misorientation and grain boundary crack 
decelerations is established, in terms of difference in resolved crack tip shear stress 
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between the available slip systems within successive grains. However, none of these 
models could deal with the effect of the local crystallographic orientations of grains on 
the crack path deflection across a grain boundary.  
As discussed in Chapter 1, a crystallographic model has been proposed by Zhai for the 
crack retardation at grain boundaries by taking into account the effect of the twist and tilt 
components of crack plane deflection across a grain boundary on crack growth [71]. As 
illustrated in Figure 7.1, this model provides a reasonable and intuitional understanding 
for crack growth through the boundary (GB) from grain 1 into grain 2 along the favorite 
slip planes in these grains. While the direct observation or measurement of the twist 
angles is hard to be conducted, the information about the crack path on the sample 
surface is relatively easy to obtain. In this chapter, based on this crystallographic model 
[71], the crack path were predicted in a sample with a <111> fiber texture which was the 
main texture component in axially symmetric extruded Al products, just as in the square 
extrusions of the high strength AA 2026 and 2099 Al alloys studied in this work. Also, by 
the aid of the EBSD technique, the relationship between micro-texture and the crack 
deflection of the naturally occurring short fatigue cracks were studied in the Al-Li 2099 
alloy. The effect of macro-texture on the crack propagation was also investigated.  
7.2 Theoretical Twist Angles and Crack Paths in the Extruded Al Alloys 
7.2.1 Selection of Coordinate System 
Based on the crystallographic model (Fig. 7.1), theoretical calculation of the twist angle 
of crack plane deflection at the grain boundary and the crack path on the surface was 
carried out in two neighboring grains. As shown in Figure 7.2, the sample coordinate 
system was represented by X, Y and Z axes, corresponding to the extrusion (L), long 
transverse (T) and short transverse (S) directions respectively. The crystal coordinate 
system of the two neighboring grains was defined by three crystal axes, [100], [010] and 
[001]. These two coordinate systems were related by an orientation matrix where there 
were 9 components corresponding to direction cosines between these axes in a grain. The 
components in a direction or plane normal vector associated with these coordinate 
systems can be transferred between each other by the orientation matrix. 
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As discussed in Chapter 5, the main texture component in the square extrusion of the AA 
2026 Al alloy was <111> fiber texture in which the <111> directions of majority grains 
were approximately aligned to the extrusion direction. Therefore, X axis parallel to the 
extrusion direction could be assigned to a <111> direction in each grain in the extrusion 
sample. In this work, the [111] direction was selected to be parallel to X axis. In the mean 
time, the other two axes, Y and Z, were selected as [011] and [211] respectively. With 
these three directions being mutually perpendicular to each other, they were adopted as 
the sample coordinate system.  
7.2.2 Prediction of Crack Path on the Sample Surface  
In the sample coordinate system (X-[111], Y-[011] and Z-[211]) illustrated in Figure 7.2, 
the possible crack path in a grain on the sample surface, which is described by a tilt angle 
θ in Figure 7.1, can be calculated in a specimen with a <111> fiber texture. For simplicity, 
the grain boundary was assumed to be vertical to the sample surface and parallel to the 
loading axis in the calculation (Figure 7.3). The normal of the grain boundary plane was 
assumed to be paralleled to Y axis and could be denoted as [011]. Then crack path (θ 
angle) was the angle between X axis, i.e. [111] direction, and the intercept line between 
the slip plane (i.e., the possible crack plane) and the sample surface plane (211).  
Note that, among the four {111} planes, only (111), (111) and (111), were considered in 
θ angle calculation, since (111) plane was perpendicular to the load axis (i.e., [111] 
direction). On this plane, the shear stress was close to zero, thereby the driving force was 
very small for the growth of a crystallographic crack on this plane. As an example, the 
procedure for calculating the crack path (i.e., θ angle calculation) on the sample surface 
along the slip plane (111) is given as follows. 
Step 1 Calculate the three direction cosines of [111] to X, Y and Z axes, i.e. [111], [011] 
and [2 1 1] in the crystal coordinate system. Let α, β and γ  to represent the angles 
between [111] and [111], [011], [211] respectively. The vector ([uvw]) composed of 
these direction cosines is [0.3333, 0, -0.9428],  
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Note that [0.3333,0,-0.9428] is a vector, in the sample coordinate, equivalent to [111] in 
the crystal coordinate in a reference grain which has its [111], [011], [211] being aligned 
with X, Y and Z axes. The crack path, θ, is the intercept line between the crack plane and 
sample surface. For a [111] fiber texture grain, only its load axis X is fixed as [111] and 
the normal of its surface plane may take any of the directions that are perpendicular to 
[111]. Therefore, θ of the (111) plane also varies among those grains that form the [111] 
fiber texture. In order to calculate θ of all the possible [111] fiber texture grains, the 
reference grain is fixed and the sample surface plane is rotated around X axis. The normal 
of the sample surface plane is then defined by the direction cosine vector [xyz] in the 
sample coordinate system, 
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Here, ω is the rotation angle between Z axis, i.e., [211] of the reference grain, and the 
normal of the sample surface plane. ω varies by a step of 5o between 0 and 180o in the 
calculation.  
Step 2 Calculate the zone axis of [uvw] and [x y z], [pqr], which is the intersection of the 
(111) slip plane and the sample surface. 
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Step 3 Calculate the crack path, θ, which is the angle between X axis and the zone axis 
[pqr] on the sample surface. 
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Similarly, the possible crack paths of the other two slip planes, (111) and (111), can also 
be calculated. The calculated results are plotted in Figure 7.4 with the horizontal 
coordinate being the rotation angles of the three slip planes, (111), (111) and (111), and 
the vertical coordinate being the crack path for these slip planes.  
It is evident in Fig. 7.4 that any grains belonging to the 111 fiber texture have a slip plane 
which has an intercept line (crack path) in the direction between 20º to 40º with the 
loading axis on the sample surface. This explains the observation that the path of a 
predominant crack on the surface is always in the direction of roughly 35º with the 
loading axis in the square extrusion sample of the AA 2026 Al alloy (Figure 7.5). 
7.2.3 Calculation of Twist Angles at Grain Boundaries 
According to the crystallographic model for the fatigue crack propagation, which is 
discussed earlier in this thesis, the misorientation between the two favorable slip planes in 
neighboring grains, especially the twist angle which is the angle between the traces of the 
two favored slip planes on the GB plane, could be the key factor that controls crack 
growth across the grain boundary [71]. A short fatigue crack, propagating on one slip 
plane in the first grain, is expected to propagate onto the slip plane that has the smallest 
twist angle with the crack plane across the grain boundary in the second grain. Since this 
slip plane has the smallest twist angle among the four slip planes in the second grain, the 
twist angles of all these slip planes are calculated at the boundary between the two 
neighboring grains that belong to the [111] fiber texture. Based on the calculation results, 
the possible crack path on the sample surface is subsequently determined by selecting the 
slip plane with the smallest twist angles as the crack place. 
Like in the crack path calculation, the grain boundary was also assumed to be vertical to 
the sample surface and parallel to the loading axis in calculation of twist angles at GBs 
(Figure 7.3). In grain 1 in Figure 7.1, a crack propagates along one slip plane until it 
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impinges the grain boundary. It then continues to propagate onto the slip plane with the 
smallest twist angle in the neighboring grain (grain 2 in Figure 7.1). In this work, on the 
GB plane, all of the potential twist angles α were calculated. For the same reason as 
discussed in crack path calculation, only three slip planes (111), (111) and (111) were 
considered in α calculation in the [111] fiber textured samples. 
First, angles ψ1 and ψ2 for grain 1 and 2 in Figure 7.1 were calculated by the similar 
method as described in §7.1.2. The twist angle α could then be determined by α=|ψ1-ψ2|. 
The slip plane (111) was selected first in grain 1. The three direction cosines of [111] in 
the sample coordinate were calculated by equation 7.1, and the direction cosine vector 
[uvw] was then [0.3333, 0, -0.9428].  
Second, the three direction cosines of the GB normal to X, Y and Z axes were calculated. 
For the same reason as discussed in the crack path calculation, the orientation of grain 1 
was defined by a rotation angle, α, around X axis (i.e., [111]). The trace of [111] plane 
on the GB plane also varied with α, namely, the value of angle ψ changed with α on the 
GB plane. Alternatively, for simplicity in α calculation, the (111) plane was assumed to 
be fixed while the GB plane was rotated about the X axis. The initial position of the GB 
plane was parallel to X axis and perpendicular to Y axis. α  varied from 0o to 180o. The 
direction cosines x, y and z of the GB normal to the X, Y, Z axes are given by, 
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The zone axis ([pqr]) of planes (x y z) and (uvw) was then calculated, which was the 
intercept line of the two planes, i.e. the trace of (111) slip plane on the GB plane.  
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The angle ψ1 of the trace of the plane (111) of grain 1 on the GB, which was the angle 
between X axis and the zone axis [pqr], was calculated by, 
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Similarly, for grain 2 in Fig. 7.1, the angles ψ2 of the three slip plane ((111), (111) and 
(111)) traces were calculated on the same GB plane. The favored slip plane for the short 
crack propagation in grain 2 could be the one that had the smallest twist angle. These 
trace angles ψ2 were calculated by the following equations, 
22222)111(2 9428.0)(3333.0
3333.0arccos180
yyz
y
++
−
=
π
ψ  
                    
2222)111(2 )8165.04714.0()(3333.0
3333.0arccos180
zyyz
y
−++
−
=
π
ψ              (7.8) 
2222)111(2 )8165.04714.0()(3333.0
3333.0arccos180
zyyz
y
+++
−
=
π
ψ  
The subscripts of ψ represent the grain and a specific slip plane on which a short crack 
might propagate. 
Although (111), (111) and (111) were equal in opportunity for a crack to propagate on in 
grain 1, (111) plane was selected in this calculation. The twist angles between the (111) 
plane in grain 1 and the three (111), (111) and (111) planes in grain 2 are plotted in 
Figure 7.6 (a), (b) and (c) respectively. The two rotation angles in the plots correspond to 
the rotation of grains 1 and 2 about the common X axis respectively. 
As seen in these plots, there is a three fold symmetry for the twist angles of the three slip 
planes (111), (111) and (111) in grain 2, while they rotated with the common 111 
direction. The twist angles in the first three plots are periodic with a period of 120˚. 
Whenever one of the three {111} slip planes in grain 2 rotated to coincide with the (111) 
plane in grain 1, the twist angle on the grain boundary became zero. This was like the 
case where a short crack propagates within one grain.  
A which based on the three possible slip planes, there is always a minimum one for each 
grain position. The smallest value among all the three twist angles shown in Figure 7.6 
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(a), (b) and (c) is plotted in Figure 7.6 (d). There is an area of low twist angles (0˚~10˚) 
between 20˚ and 160˚ of the rotation angles. This means there is almost always a twist 
angle less than 10˚ for a crack to propagate through the GB between two grains belonging 
to 111 fiber texture. 
7.2.4 Mapping the Crack Path at the Minimum Twist Angles 
Corresponding to the minimum twist angles in Figure 7.6 (d), the crack path can be 
predicted in these 111 fiber texture grains on the surface. The principle of the crack path 
prediction is similar to that described in §7.2.2 and the results are plotted in Figure 7.7. It 
was found that most of the crack paths were between 20˚ and 35˚ for in regions with the 
smallest twist angles being less than 10˚. This was consistent with the observed results 
that fatigue cracks were almost always along the direction about 30˚ relative to the 
loading (X) axis in both 2026 and 2099 alloys studied in this work.  
7.3 Experimental Observation and Theoretical Confirmation on the Effect of Micro-
texture on Short Crack Propagation 
Four point bending fatigue tests were conducted on the specimens cut from the extrusion 
bars of the AA 2026 aluminum alloy. Figure 7.8 shows a fatigue crack generated in this 
alloy. The propagation of the short cracks was predominantly along the direction roughly 
30o to the extrusion direction in the crystallographic growth region. The crack in the 
initiation region was always perpendicular to the load axis. Since it was impossible to 
identify grain boundaries due to the difficulty in etching this alloy, the effect of micro-
texture on short crack propagation could hardly be studied experimentally in this alloy. 
Another high strength Al-alloy, AA 2099, was used to understand the micro-texture 
effect on short fatigue crack growth in these alloys, since the AA2099 alloy exhibited a 
similar behavior of fatigue crack growth as in the AA 2026 alloy. 
7.3.1 The Collection of the Raw Data from EBSD 
Figure 7.9 shows a typical short fatigue crack generated on the sample surface of the AA 
2099 Al-alloy. The alloy, which was also an extrusion product, had a pan-cake shaped 
grain structure shown in Figure 5.2 and the sample surface was parallel to the L-S plane. 
EBSD experiments were conducted in a straight portion of a crack close to the initiation 
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region. The well prepared sample was etched with Keller’s etchant followed by cleaning 
in ethanol by a ultrasound bath. The selected part of the crack at a high magnification is 
shown in Figure 7.10. The automated EBSD scanning was run in step of 0.5μm, and the 
corresponding orientation map is shown in Figure 7.10. The color scale of the orientation 
map is shown in the inverse pole figure (IPF) in Fig. 7.10. On the orientation map shown 
in Figure 7.10, the orientations of a series of points along the short crack were selected 
for use in twist angle calculation. The position of each point is marked and numbered in 
Fig. 7.10 for the convenience of calculation.  
7.3.2 The Processing of the Experimental Data 
The orientation of each single point on the sample surface is described in three Euler 
angles (ϕ1 Φ ϕ2) obtained from EBSD measurement. The Euler angles can be 
transformed into a 3×3 orientation matrix which links the components of a vector 
measured in the crystal coordinate system (e.g., the [100]/[010]/[001] system in a cubic 
structure) with the components of the vector described in the sample coordinate system 
(e.g., the Cartesian coordinate system, X-Y-Z, with X aligned with the loading axis) 
[122]. 
Once the specimen and crystal coordinate systems are specified as in Fig.7.11, we have, 
                                 Cc = g ⋅ Cs                                                                                   (7.9) 
where Cc and Cs are the crystal and specimen coordinate systems respectively and g is the 
orientation matrix,  
⎟
⎟
⎟
⎠
⎞
⎜
⎜
⎜
⎝
⎛
=
⎟
⎟
⎟
⎠
⎞
⎜
⎜
⎜
⎝
⎛
=
333231
232221
131211
333
222
111
coscoscos
coscoscos
coscoscos
ggg
ggg
ggg
g
γβα
γβα
γβα
                          (7.10) 
The first row of the matrix is given by the cosines of the angles between the first crystal 
axis, [100] and three specimen axes X, Y and Z in turn. These three angles, α1, β1, γ1, are 
labeled on Figure 7.11. The other two rows are related to the other two crystal axis and 
can be calculated similarly. The elements of the orientation matrix in terms of the Euler 
angles are given by 
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          g11  =  cos φ1 cos φ2 - sin φ1 sin φ2 cosФ 
               g12 =  sin φ1 cos φ2 + cos φ1 sin φ2 cosФ 
          g13 = sin φ2 sinФ 
          g21  = - cos φ1 sin φ2 - sin φ1 cos φ2 cosФ 
          g22 = - sin φ1 sin φ2 + cos φ1 cos φ2 cosФ                                                         (7.11) 
          g23 = cos φ2 sinФ 
          g31 = sin φ1 sinФ 
          g32 = - cos φ1 sinФ 
          g33 = cosФ 
These nine elements of the orientation matrix can be directly calculated from the raw data 
that collected by electron backscattered diffraction (EBSD). Since the sample surface 
shown in Figure 7.9 was parallel to the L-S plane while the default scan surface in EBSD 
system should be L-T plane. A modified orientation matrix gm was introduced to create 
the link between the collected Euler angles and specimen coordinate system with L-S 
plane parallel to the sample surface.   
⎟
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−
−
−
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⎟
⎟
⎠
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⎜
⎜
⎜
⎝
⎛
−
⋅=
323331
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121311
010
100
001
ggg
ggg
ggg
ggm                              (7.12) 
By the aid of the modified orientation matrix, orientations of all the possible slip planes 
and slip directions at the measured points can be calculated in the sample coordinate 
system with the relationships [N]=[n]⋅gm and [D]=[d] ⋅gm, where [N] and [n] are the unit 
row vectors of the normal of a slip plane in the sample and crystal coordinate systems 
separately, and [D] and [d] the unit row vectors of slip directions in the sample and 
crystal coordinate systems respectively [6]. Schmid factors of all of the slip systems at 
the measured points are given by mi = ([Ni]⋅[L])([Di]⋅[L]), where i=1 to 12, [Ni] and [Di] 
are the unit vectors of the slip plane normal and the slip direction in the sample system, 
respectively, and [L] is the unit vector of the L axis (the loading axis). 
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In order to calculate the twist angles α and tilt angle β (schematic in Figure 7.1) of the 
selected crack, the specific slip plane on which the crack propagates in each grain has 
first to be identified. This was carried out by first calculating orientations of the traces 
(i.e., θ angles in Figure 7.1) of all the possible slip planes on the sample surface and then 
matching to that of the observed crack path in each grain. For the studied AA 2099 Al 
alloys which were face-centered cubic (fcc) metal, the unit row vector of the normal of 
the slip planes can be calculated by  
( )
222
,,][
lkh
lkhn
++
=                                         (7.13) 
where h, k, l are the Miller indices of the slip planes. Thus, 
( )
222
322212332313312111
321
,,],,[][
lkh
glkghgglkghgglkghgNNNN
++
++−−−++
==        (7.14) 
Assuming that the GB plane is parallel to the loading axis (i.e., X axis in Figure 7.1) and 
perpendicular to the sample surface (L-S plane), θ is then given by  
)/arctan(])[][]arccos([ 21 NNLTN −=⋅×=θ                      (7.15) 
where [T] is the unit vector of the T axis (i.e., the normal of the sample surface shown in 
Figure 5.2) in the sample coordinates. After calculating the angles θ of all of the four 
possible slip planes, (111), (111), (111) and (111) in each grain, the crack plane can 
normally be identified satisfactorily by matching the observed θ angle of the crack in the 
grain.  
Based on the grain structure in Figure 5.2, the angle between the loading axis and the 
trace of each of the slip planes on the GB, ψ, can be calculated by 
)/arctan(])[][]arccos([ 31 NNLSN −=⋅×=ψ                   (7.16) 
where [S] is the unit vector of the S axis (i.e., the normal of the GB assume the GB is 
vertical to sample surface and parallel to loading direction). The predicted twist angles, α, 
can then be calculated by Equation α=|ψ1-ψ2|. 
 163
7.3.3 Data Analysis and Discussion 
Table 7.1 lists the Euler angles, orientation matrix gm, the predicted θ and ψ angles as 
well as the Schmid factors of all possible slip planes in each tested point (points 2-11). 
The observed θ angles of the crack corresponding to each tested point are also listed in 
the table. The crack propagated from point 11 to point 2. It can be seen in Table 7.1 that 
the observed angle, θ, at each tested point was in good agreement with the predicted 
value. The predicted θ angles ranged from 26.7o to 33o, compared to the observed values 
close to 30o. The small difference between the predicted and observed θ angles may be 
related to the crack edges rounded off due to etching before EBSD measurement.  
However, some of the calculated α were relatively large, which seemed to be not quite 
satisfactory. For example, the twist angle was 22.62o between points 2 and 3, 75o between 
points 6 and 7, and 32o between points 9 and 10. These twist angles could be too large for 
the crack planes to propagate through the GBs, as the twist angles previously observed in 
an AA8090 Al alloy were all less than 10o. The large twist angle between points 9 and 10 
is understandable, because there is sharp change (i.e., a large misorientation) in color 
between these grains in the EBSD map. However, at the other two GBs, 2&3 and 6&7, 
the difference in color in the EBSD map indicated a smaller misorientation. The 
discrepancy between the predicted twist angles and misorientations at these GBs may be 
understood by considering that the color in the EBSD map was associated with the color 
scale in an inverse pole figure (IPF) in which the same color meant the same crystal 
orientation in X axis. In other words, any grains having the same zone axis had the same 
color in the EBSD map. The orientation of these grains could still be markedly different, 
since they might have different rotation about the zone axis, like those grains of [111] 
fiber texture. Such difference in orientation could not be presented in an IPF map. Also, 
there was often a misorientation gradient found within one grain. It could be measured to 
be more than 10o across the grain and less than 3o along the grain length. Figure 7.12(a) is 
an EBSD map taken from the AA 2099 Al alloy in which colors are defined by texture 
components (TC), rather than the IPF, and the corresponding misorientation gradient 
measured along the segment AB is given in Figure 7.12(b). The misorientation was 10o in 
13 μm across the grain shown in Fig. 7.12(a). It was, therefore, reasonable to add extra 
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data points between some of the points marked in Figure 7.10 in order to explain the 
observed crack path in relation to the local crystallographic orientation, i.e., the crack 
path should be controlled by minimizing the twist angle across GBs. The orientations of 
these new points were taken from the point right between the two points previously 
marked. These newly measured points are also listed in Table 7.1, as numbered by 2.5, 
3.5 6.5 and 9.5 respectively. With the addition of the new data points, most of the 
predicted twist angles became much reasonable. For example, the twist angle between 
points 2 and 2.5 was 10.75o, and 11.9o between points 2.5 and 3. The twist angle between 
points 9 and 10 was divided into two parts, 16.5o between points 9 and 9.5 and 15.8o 
between points 9.5 and10. However, the predicted twist angle between points 6 and 6.5 
was still as large as 63.5o. As discussed in the following paragraph, there should be 
another factor controlling the crack growth on this area.  
The crack path covering the grains with point 6 and point 7 was marked with “A” in 
Figure 7.10 and its schematic diagram is attached. It can be seen that the direction of the 
crack path deflected within a small region and then changed back to its original direction 
of path. Due to the growth of a crack always tends to propagate along certain slip plane in 
this alloy, any deflection of the crack path should be related to the change in orientation 
of slip planes at GBs because of the misorientation between the two neighboring grains. 
In the case of the points 6 and 6.5, the twist angle was practically too large for the crack 
to propagate through the boundary, which could not be purely counted for by the 
misorientation gradient within these two grains as the distance between these two points 
was only about 5 μm. There might be a thin grain existing just beneath the surface in the 
region between the two points, point 6 and point 6.5. Small thin grains were often 
observed in the region of large angle GBs in the AA2099 alloy. Figure 7.13 [239] shows 
the fracture surface of a thin grain which is located right beneath the sample surface and 
is marked as grain 2. It was located between grains 1 and 3, and about 5μm in width. 
Along the crack growth direction, the crack plane in grain 1 propagated directly onto the 
crack plane in grain 2. The crack path was changed at the GBs beneath the surface due to 
the existence of grain 2. Although the twist angles were still large at these hidden GBs, 
the driving force for crack propagation was large enough to overcome the resistance from 
the large twist angles at the GBs, because the grain was very thin. Compared with the 
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large twist angle between grains 1 and 2, the twist component between grains 2 and 3 was 
relatively smaller and could be accommodated by formation of the fracture steps marked 
in Figure 7.13. The mechanism for the formation of the fracture steps could be found in 
references [71,217] or Chapter 4 in this thesis. Note that the three marked fracture steps 
were extended directly into grain 3, which verified that the twist angle was small between 
grains 2 and 3. It can be seen in Fig. 7.13 that the fracture steps are not evenly distributed 
in the direction of crack depth, thicker near the surface region, and thinner towards the 
crack front. Probably, there were some subgrains within these grains. At the GBs between 
the subgrains, the sizes of the fracture steps were different due to the difference in twist 
angle at these GBs.  
Theoretically, the twist angle should be as small as possible. Figure 7.14 demonstrates 
profoundly the effect of twist angle on the resistance of crack growth and the mechanism 
for the formation of steps on the fatigue fracture surface. The formation of these steps 
could accommodate a twist angle as 20o. This also indicates that the twist angle that can 
be accommodated by crack growth could be over 20o if the grain size is small and the 
driving force for crack growth is large enough in these alloys studied in this work.  
7.4 Influence of Macro-texture on the Behavior of Short Crack Growth  
Most of the work previously reported in literature on macro-texture is mainly related to 
the anisotropy of mechanical properties because these properties always show a 
dependence on the orientation of the samples tested. As to the effect of macro-texture on 
the fatigue properties, studies conducted so far are mainly focused on several aspects, 
such as fatigue strength [157,217], fatigue life [240-242] and fatigue crack growth (FCG) 
behaviors [107,155,241,243]. Since there are little difference of FCG rate in L-T and T-L 
directions in typical rectangular extrusion products of Al-alloys [107,155,243], instead of 
the effect of macro-texture on FCG rate, short crack initiation and crack propagation were 
investigated in this work. 
It has been noticed that, for both of the two tested high strength Al-alloys the fatigue 
cracks always display a non-crystallographic growth mode in the crack initiation region 
and roughly in the direction perpendicular to the loading axis. In the AA 2099 Al alloy, 
the observed non-crystallographic growth regions are relatively short, less than 100 μm, 
 166
compared with those in the AA 2026 Al alloy, which could be more than hundreds 
microns. For the AA 2099 Al-alloy, besides the coarse second phase particles, short 
cracks also tend to be initiated at regions with fine recrystallized grains, which are 
distributed sparsely as thin layers at large angle GBs between grains which are highly 
elongated unrecrystallized. In contrast, a crack is always initiated from coarse particles in 
the AA 2026 Al alloy. In Figure 7.15(a), a thin area in the EBSD map, corresponding to 
the initiation site of the crack shown in Figure 7.12(a), is selected to analyze the texture 
in the area. From the pole figure given in Figure 7.15 (b), the thin area mainly contains 
cube texture which is the typical texture component in recrystallized aluminum alloys. 
Similar crack initiation mode was also previously observed in another Al-Li alloy where 
the crack initiation was suggested to be by brittle fracture in cube textured grains that 
have a 001 plane perpendicular to the loading axis [240]. The crack nucleation was by the 
cleavage fracture on this plane in that alloy. 
In the mean time, it is also found that deflection of short crack path on the sample surface 
is related to the partially recrytallized grains in the 2099 alloy studied in this work. In 
Figures 7.16(a)-(c), a part of the fatigue crack in the AA 2099 Al alloy, the EBSD map of 
the selected area and the pole figure from the EBSD map are presented respectively. The 
selected region where the crack path is deflected from the original propagation direction 
mainly contains recrystallization textures, as shown in the (111) pole figure. While the 
crack path seems to be straight in the partialyl recrystallized area in Figure 7.16(a), local 
deflections are visible in the same part of the crack before etching in Figure 7.16(d). The 
deflections in crack path should be caused due to large twist angles in the partially 
recrystallized grains or subgrains. Figure 7.17 provides more evidence for crack 
deflection in grains in partially recrystallized regions. 
The 2026 and 2099 alloys are predominantly unrecrystallized due to the addition of Zr. It 
is possible that the distribution of Zr is inhomogeneous in these alloys. This may cause 
the formation of the partially recrystallized thin layers in regions where less Zr exists. 
These layers of fine grains are distributed within unrecrystallized and highly elongated 
grains, thereby presenting effective barriers for crack propagation. As discussed in 
Chapter 4, the growth rate of short figure cracks is much lower in the non-
crystallographic growth regions which are associated with partially recrystallized regions. 
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A smaller population of coarse particles as well as the uniformly distributed thin layers of 
partially recrystallized grains in the predominant unrecrystallized grains might count for 
the high fatigue tolerance of the AA2026 and AA 2099 Al alloys studied in this work. 
Further study needs to be conducted to verify relationship of crack initiation with the 
cube textured grains, and understand the role of coarse particles in the crack initiation 
process in the 2099 alloy.  
7.5 Conclusion 
1) The theoretically predicted orientation of the crack path was between 20o to 40o to the 
loading axis on the sample surface in the extrusion AA2026 Al alloys with a strong [111] 
fiber texture.  
2) When the (111) slip plane was selected in one [111] fiber grain, there is a three fold 
symmetry for twist angles of crack deflection for slip planes (111), (111) and (111) in its 
neighboring grain while they rotated with the common 111 direction. Theoretically, there 
is always a twist angle less than 10˚ for a crack to propagate through the GB between two 
neighboring grains belonging to 111 fiber texture. 
3) The observed crack path which is about 30o to the loading axis in both AA 2026 and 
2099 Al alloys is consistent with the theoretical prediction, between 20o and 40o, for the 
crack path in the material with a strong 111 fiber texture. It was confirmed that the crack 
growth was controlled by the twist and tilt angles in the AA 2099 Al alloy. 
4) Large twist angle may not stop a crack if the crack propagates into a thin grain and the 
driving force for crack growth is large enough. The thin grain could be torn by the large 
driving force, which could cause crack path deflection on the sample surface. 
5) Twist angles, α, which could be as large as 20o, could be accommodated by the 
formation of fracture steps in the AA 2099 alloy studied in this work.  
6) Both crack initiation and deflection are associated with the recrystallization texture. A 
smaller population of coarse particles as well as the uniformly distributed thin layers of 
partially recrystallized grains in the predominant unrecrystallized grains might count for 
the higher fatigue strength observed in the AA2026 and AA 2099 Al alloys studied in this 
work.  
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Figure 7.1 Schematic diagram showing a crystallographic mechanism for crack growth 
along slip plane 1 in grain 1 onto slip plane 2 in grain 2. The area covered by α has to be 
fractured for the crack to grow across the grain boundary. Crack growth is controlled by 
α and β [71].  
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Figure 7.2 Coordinate systems used in the prediction of crack path in a [111] fiber 
textured alloy. 
 
 
 
Figure 7.3 The grain structure with a <111> fiber texture. The grain boundaries are 
perpendicular to the sample surface tested. 
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Figure 7.4 The predicted crack path in <111> fiber textured grains. 
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Figure 7.5 Tilt angle θ or the crack path on the sample surface of the AA 2026 Al alloy 
extrusion.  
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Figure 7.6 (a) and (b), see caption in next page. 
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Figure 7.6 The map of the smallest twist angle a) twist angle between (111) & (111) slip 
planes, b) twist angle between (111) & (111) slip planes, c) twist angle between (111) & 
(111) slip planes and d) twist angle between grains 1 and 2. 
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Figure 7.7 The map of crack path with the smallest twist angle. 
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Crystallographic regions
 
 
Figure 7.8 A typical fatigue short crack generated on the sample surface of the AA 2026 
Al alloy. 
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Figure 7.9 A typical short crack generated on the surface of the AA 2099 Al-alloy.  
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Figure 7.10 Relationship between the specimen coordinate system XYZ (or RD, TD, ND 
for a rolled product) and the crystal coordinate system [100], [010], [001]  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 182
 
 (a) 
B
A
Crack initiation zone
 (b) 
 
Figure 7.11 (a) The texture component image and (b) misorientation gradient measured 
along line AB within one grain in (a) [239].  
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Figure 7.12 The fracture surface of a thin grain right beneath the sample surface [239].  
 
 
 
 
α
Figure 7.13 Large twist component accommodated by forming the fracture steps on the 
fracture surface in the AA2099 alloy. 
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(a) (b) 
 
Figure 7.14 (a) The EBSD map of the crack initiation zone in Figure 7.12(a), and (b) the 
(111) pole figure.  
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(a) 
(b) 
  (c) 
(d) 
crack growth direction 
partially 
recrystallized 
zone 
Figure 7.15 (a) A fatigue crystallographic crack in the AA 2099 Al-alloy, (b) and (c) the 
EBSD map and the pole figure from the region marked in (a), and (d) The same crack as 
in (a) before etching.  
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Crack initiation zone 
 
Figure 7.16 Crack deflection in partially recrystallized regions in the AA 2099 Al-alloy.  
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Chapter 8  
Conclusions 
The high-cycle fatigue properties of two types of Al alloys, high strength AA 2026 and 
AA 2099 as well as medium strength AA 5754, have been studied in this dissertation. 
The study was mainly focused on the effects of microstructure and texture on short crack 
initiation and early growth, since these are the problems far from well and quantitatively 
understanding and are important in both the application and designing of these materials. 
In the mean time, for the two high strength Al-alloys, their strengthening mechanisms, 
the weakest-link density, the effect of humidity on fatigue properties were also 
investigated. Fatigue properties were quite not the same for these two types of alloys. 
Two reasons may contribute to the large difference in their fatigue behaviors, one is the 
different strengthening mechanism of the matrix, solid solution and plastic strain for the 
AA 5754 alloy while precipitation for the two 2xxx alloys. Another reason is due to the 
dissimilar slip mechanisms in these alloys. The high strength Al alloys have a strong 
tendency for planar slip, while non-planar slip is the main deformation mode in the 
medium strength Al alloys. Being a continuous cast product, the processing, including the 
heat - treatment of AA 5754 alloy also has effect on its fatigue properties. Summarily, the 
conclusions are drawn as follows:     
1. Continuous cast AA 5754 Al alloy had fatigue strength close to its yield strength in the 
as-received hot band condition. The fatigue strength of the induction annealed hot band 
was about 120% of its yield strength. The fatigue limit in the rolling direction was higher 
than in directions of 45º and 90º relative to the rolling direction in both the as-received 
and induction annealed hot bands. Not the texture but the particles were more effective in 
determining the fatigue anisotropy. The induction heat treatment improved the tensile 
properties and their anisotropy significantly, as a result of the strong cube texture and the 
fine and uniform grain structure developed after annealing in the CC AA 5754 Al alloy.  
2. The initiating of fatigue cracks from the corner/edge of the specimens indicated that 
fatigue fracture was predominantly plastic strain controlled in all of the four studied 
conditions: the as-received hot band, induction annealed, batch annealed and induction 
heated and quenched CC AA 5754 Al alloys. Intergranular fracture was observed in the 
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fatigue fracture surfaces of the as-received hot band, batch annealed, induction annealed 
and slowly cooled hot band. This was likely caused by segregation of trace Na and K at 
grain boundaries during heat treatment in this alloy. 
3. Fatigue cracks were predominantly initiated at Fe-containing particles on the surface in 
AA 2026 alloys. Both of the AA 2026 and AA 2099 Al alloys have a much lower particle 
percentage (weakest link density) compared with the commercial 2xxx Al alloy, e.g. 
2024 Al alloy, which partly contributed to the outstanding fatigue strength of these two 
alloys. In the meantime, the crack initiation and deflection may also have relationship 
with the recrystallization texture in AA 2099 alloy which was revealed by the EBSD.  
4. The observed crack path is about 30o relative to the loading axis in both AA 2026 and 
2099 Al alloy and it is consistent with the theoretical range 20o-40o for the crack path in 
the extrusion material with 111 fiber texture. By the aid of the micro-texture 
measurement with EBSD, it was confirmed that the crack propagation was controlled by 
the twist and tilt angles in AA 2099 Al alloy. 
5. For the selected (111) slip plane in one grain, there is a three fold symmetry for the 
twist angles of the three slip planes (111), (111) and (111) in its neighbor grain while 
they rotated with the common 111 direction. Theoretically, there is always a twist angle 
less than 10˚ for the two neighbor grains with 111 fiber texture. 
6. Crack planes were deflected by predominantly small twist across grain boundaries in 
the crystallographic growth region, and by large twist in the non-crystallographic growth 
region in the rectangular extrusion. Large twist angle may not stop a crack if the large 
twist is caused by a thin grain. The thin grain could be torn by the big driving force while 
leaving large crack path deflection on the sample surface.  
7. Precipitation and dislocation were the major strengthening mechanisms for the AA 
2026 and AA 2099 Al alloys. The deformation and fine subgrain structures developed 
from the controlled extrusion process and the partial recrytallization were also important 
strengthening techniques of this alloy.   
8. The distribution of the patched particles has influence on the early propagation stage of 
the fatigue cracks in both of the high strength Al alloys. With sparse particle distribution 
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in AA 2099 Al alloy, the non-crystallization part of the crack always much shorter than 
which in AA 2026 Al alloy.  
9. The rectangular extrusion bars of the two high strength Al-alloys had a layered 
deformation grain structure. Sparsely distributed among the layered grains, the partial 
recrystallization region provided barriers and slowed down the crack propagation 
effectively during the crystallographic growth stage. In the mean time, the crack 
deflection and branching, as well as the consequent roughness induced crack closure, 
were all beneficial to crack propagation resistance in the two alloys. 
10. The crack numbers are related with the applied stress levels. At the stress levels near 
the high cycle fatigue limit, there are only a couple of cracks initiated on the sample 
surface for both AA 2026 and AA 2099 alloys. The higher the applied stress levels, the 
more the crack numbers. The numbers of the cracks on the sample surface tend to be 
saturated when the applied stress approaches the ultimate tensile strength.   
11. Based on the strength distribution of fatigue weakest-links, for a material with a better 
fatigue performance, the saturated density of fatigue weakest-links, N0, should be as 
small as possible; the strength distribution of the fatigue weakest-links, n, should be as 
narrow as possible while the stress corresponding to the peak of the curve, or the peak 
strength of the fatigue weakest links, σ, should be as high as possible. 
12. The fatigue strength of AA 2026 Al alloy is significantly decreased with the increased 
relative humidity in the testing environment.  
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